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Review
The physics and mechanics of fibre-reinforced
brittle matrix composites

A. G. EVANS, F. W. ZOK
Materials Department, College of Engineering, University of California, Santa Barbara, CA
9310-5050, USA

This review compiles knowledge about the mechanical and structural performance of brittle matrix
composites. The overall philosophy recognizes the need for models that allow efficient
interpolation between experimental results, as the constituents and the fibre architecture are
varied. This approach is necessary because empirical methods are prohibitively expensive.
Moreover, the field is not yet mature, though evolving rapidly. Consequently, an attempt is made
to provide a framework into which models could be inserted, and then validated by means of an
efficient experimental matrix. The most comprehensive available models and the status of
experimental assessments are reviewed. The phenomena given emphasis include: the stress/strain
behaviour in tension and shear, the ultimate tensile strength and notch sensitivity, fatigue, stress

corrosion and creep.

Nomenclature U, COD due to applied stress
a Parameters found in the paper by Hutchin-  uy COD due to bridging
son and Jensen [33], Table IV v Sliding displacement
ao Length of unbridged matrix crack w Beam width
am Fracture mirror radius B Creep rheology parameter &,/0§
an Notch size Cy Specific heat at constant strain
a, Transition flaw size E Young’s modulus for composite
b Plate dimension E, Plane strain Young’s modulus for composites
b; Parameters found in the paper by Hutchin- E Unloading modulus
son and Jensen [33], Table IV E, Young’s modulus of material with matrix
¢ Parameters found in the paper by Hutchin- cracks
son and Jensen [33], Table IV E; Young’s modulus of fibre
d Matrix crack spacing E, Young’s modulus of matrix
dy Saturation crack spacing Ep Ply modulus in longitudinal orientation
f Fibre volume fraction Er Ply modulus in transverse orientation
I Fibre volume fraction in the loading direction  E, Tangent modulus
g Function related to cracking of 90° plies E, Secant modulus
h Fibre pull-out length G Shear modulus
4 Sliding length g Energy release rate (ERR)
£ Debond length Y Tip ERR
£ Shear band length 2R Tip ERR at lower bound
m Shape parameter for fibre strength distribu- K Stress intensity factor (SIF)
tion Ky SIF caused by bridging
My Shape parameter for matrix flaw-size distri- K, Critical SIF for matrix
bution Kgr Crack growth resistance
n Creep exponent Kip SIF at crack tip
P Creep exponent for matrix Iy Moment of inertia
ne Creep exponent for fibre L Crack spacing in 90° plies
q Residual stress in matrix in axial orientation  Lg Fragment length
5 Deviatoric stress L, Gauge length
t Time Ly Reference length for fibres
Ly Ply thickness N Number of fatigue cycles
ty Beam thickness N, Number of cycles at which sliding stress
u Crack opening displacement (COD) reaches steady-state
0022-2461 © 1994 Chapman & Hall 3857
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Fibre radius

R-ratio for fatigue (O pmax/Cmin)

Radius of curvature

Tensile strength of fibre

Dry bundle strength of fibres
Characteristic fibre strength

UTS subject to global load sharing
Scale factor for fibre strength

Pull-out strength

Threshold stress for fatigue

Ultimate tensile strength (UTS)

UTS in the presence of a flaw
Temperature

Change in temperature

Traction function for thermomechanical
fatigue (TMF)

Bridging function for TMF

Linear thermal coefficient of expansion (TCE)
TCE of fibre

TCE of matrix

Shear strain

Shear ductility

Characteristic length

Hysteresis loop width

Strain

Strain caused by relief of residual stress upon
matrix cracking

Elastic strain

Permanent strain

Reference strain rate for creep
Transient creep strain

Sliding strain

Pull-out parameter

Friction coefficient

Fatigue exponent (of order 0.1)

Beam curvature

Poisson’s ratio

Orientation of interlaminar cracks
Density

Stress

Bridging stress

Peak, reference stress

Effective stress = [(3/2)s;;s:;]1%/>

Stress in fibre

Debond stress

Stress in matrix

Matrix cracking stress

Stress on 0° plies

Creep reference stress

Radial stress

Residual stress

Saturation stress

Peak stress for traction law

Lower bound stress for tunnel cracking
Misfit stress

Interface sliding stress

Value of sliding stress after fatigue
Constant component of interface sliding
stress

In-plane shear strength

Critical stress for interlaminar crack growth
Steady-state value of t after fatigue
Displacement caused by matrix removal

Ag, Unloading strain differential
Ag, Reloading strain differential

r Fracture energy

I Interface debond energy

I; Fibre fracture energy

I Matrix fracture energy

Ik Fracture resistance

I Steady-state fracture resistance
Ie Transverse fracture energy

Q Misfit strain

Q, Misfit strain at ambient temperature

1. Introduction

1.1. Rationale

Various types of brittle matrix composite exist, based
on ceramics, glasses, polymers and intermetallics. The
respective designations are CMCs, GMCs, PMCs and
IMCs. The fibres are used to impart sound structural
characteristics, particularly to resist the propagation
of cracks when ecither steady or cyclic loads are im-
posed. However, all of the thermomechanical proper-
ties are affected by the fibres, sometimes profoundly.
As a result, the approaches needed for design and
assuring reliability are completely different from those
used for monolithic metals, ceramics and polymers.
The underlying principles are explored in this review.
Many of the basic ideas originated with the develop-
ment of PMCs. In these materials, the matrix has
relatively low modulus and strength, but moderate
ductility. The fibres enhance the modulus and strength
but reduce the ductility. The mechanisms that dictate
the structural performance of PMCs reflect these fac-
tors. In CMCs and GMCs, as well as many IMCs, the
elastic properties of the fibres and matrix are similar
and the matrix has low ductility. Consequently, the
mechanisms that operate in response to thermo-
mechanical loads are often quite different from those
found in PMCs. The emphasis of this article is on
composites exemplified by CMCs, GMCs and IMCs.
The materials referenced in the following text are
specified in Table 1.

Continuous fibre-reinforced brittle-matrix com-
posites have a major advantage compared with the
monolithic matrix. They exhibit an ability to retain
good tensile strength in the presence of holes and
notches [1-3]. This characteristic is important be-
cause composite components generally need to be
attached to other components, usually metals. At

TABLE I CMC material systems

SiC/CAS Calcium alumino silicate glass ceramic with
Nicalon fibres

SiC/SiCev; Silicon carbide produced by chemical vapor
infiltration (CVI) with Nicalon fibres

SiC/SiCpp Silicon carbide matrix produced by a polymer
precursor method with Nicalon fibres

SiC/C Carbon matrix produced by a combination of
pyrotysis and CVI with Nicalon fibres
The subscripts B and C refer to two different
particulate phases in the matrix

Cc/C Carbon fibre reinforced carbon matrices




these attachments (whether mechanical or bonded),
stress concentrations arise, which dominate the design
and reliability. Inelastic deformation at these sites is
crucial. It alleviates the elastic stress concentration by
locally redistributing stress [4]. Such inelasticity is
present in brittle matrix composites [5-8]. In associ-
ation with the inelastic deformation, various degrada-
tion processes occur which affect the useful life of the
material. Several fatigue effects are involved [9, 10],
cyclic, static and thermal. The most severe degrada-
tion appears to occur subject to out-of-phase ther-
momechanical fatigue (TMF). In addition, creep and
creep rupture occur at high temperatures [11].

All of the mechanical characteristics that govern
structural utility and life depend upon the constituent
properties (fibres, matrix, interfaces), as well as the
fibre architecture. Because the constituents are vari-
ables, optimization of the property profiles needed for
design and lifing become prohibitively expensive if
traditional empirical procedutes are used. The philos-
ophy of this article is based on the recognition that
mechanism-based models are needed, which allow effi-
cient interpolation between a well-conceived experi-
mental matrix. The emphasis is on the creation of
a framework which allows models to be inserted, as
they are developed, which can also be validated by
carefully chosen experiments.

1.2. Objectives
The initial intent of this review is to address the
mechanisms of stress redistribution upon monotonic
and cyclic loading, as well as the mechanics needed to
characterize the notch sensitivity [4, 12]. This assess-
ment is conducted primarily for composites with two-
dimensional reinforcements. The basic phenomena
that give rise to inelastic strains are matrix cracks and
fibre failures subject to interfaces that debond and
slide (Fig. 1) [13-15]. These phenomena identify the
essential constituent properties, which have the typical
values indicated on Table I1.

Three underlying mechanisms are responsible for
the non-linearity [16, 17]: (i) Frictional dissipation
occurs at the fibre/matrix interfaces, whereupon the

Crack
:
ﬁ_ debonding
Al
D‘\
. -
é/—\ Residual
B stress
Matrix T~
orack Wake debondirg/ | Fibre
sliding
| P b= s v = B = DA

rFrictionaI dissipation J

Figure 1 The fundamental mechanisms that operate in CMCs as
a crack extends through the matrix.

sliding resistance of debonded interfaces, 1, becomes
a key parameter. Control of 1 is critical. This behavi-
our is dominated by the fibre coating, as well as the
fibre morphology [ 18, 19]. By varying 7, the prevalent
damage mechanism and the resultant non-linearity
can be dramatically modified; (i) the matrix cracks
increase the elastic compliance [20]; (iii) the matrix
cracks also cause changes in the residual stress distri-
bution, resulting in a permanent strain [20].

The relative ability of these mechanisms to operate
depends on the loading, as well as the fibre orienta-
tion. It is necessary to address and understand the
mechanisms that operate for loadings which vary from
tension along one fibre direction to shear at various
orientations. For tensile loading, several damage
mechanisms have been found, involving matrix cracks
combined with sliding interfaces (Fig. 2). These can be
visualized by mechanism maps [21], which then be-
come an integral part of the testing and design activ-
ity. One damage mechanism involves mode I cracks
with simultaneous fibre failure, referred to as class
I behaviour (Fig. 2). Stress redistribution is provided
by the tractions exerted on the crack by the failed
fibres, as they pull out [12, 22-24]. A second damage
mechanism involves multiple matrix cracks, with min-
imal fibre failure referred to as class IT behaviour (Fig.
2). In this case, the plastic deformation caused by
matrix cracks allows stress redistribution [3, 4].
A schematic drawing of a mechanism map based on
these two damage mechanisms (Fig. 3) illustrates an-
other important issue: the use of non-dimensional
parameters to interpolate over a range of constituent
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Figure 2 Three prevalent damage mechanisms occurring around
notches in CMCs. Each mechanism allows stress redistribution by
a combination of matrix cracking and fibre pull-out.
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Figure 3 A proposed mechanism map that distinguishes class I and
class II tensile behaviour.

TABLE II Constituent properties of CMCs and methods of
measurement

Constituent property  Measurement methods Typical range

Sliding stress, T (MPa) Push-out force 1-200
Pull-out length, h
Saturation crack spacing,
ls
Hysteresis loop, 8
Unloading modulus, E,,
Characteristic strength, Fracture mirrors_ 1.2-3.0
S, (GPa) Pull-out length, h
Misfit strain, Q Bilayer distortion 0-2x1073
Permanent strain, g,
Residual crack opening
Matrix fracture Monolithic material 5-50
energy, [, Jm™2%) Saturation crack spacing,
I
Matrix cracking stress,
6mc
Debond energy, Permanent strain, &, 0-5
I Jm™2) Residual crack opening,
Up

properties. (For ease of reference, all of the most im-
portant non-dimensional parameters are listed in
Table III). On the mechanism map, the ordinate is
a non-dimensional measure of sliding stress and the
abscissa is a non-dimensional in situ fibre strength.
A third damage mechanism also exists (Fig. 2), refer-
red to as class III. It involves matrix shear damage
prior to composite failure as a means for redistribut-
ing stress. A proposed mechanism map is presented in
Fig. 4 [25].
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Figure 4 A proposed mechanism map that distinguishes class I1I
behaviour. The CMCs used for this figure are summarized in
Table I.

A summary of tensile stress—strain curves obtained
for a variety of two-dimensional composites (Fig. 5)
highlights the most fundamental characteristic rel-
evant to the application of CMCs. Among these four
materials (Table I), the SiC/CAS system is found to be
notch insensitive in tension [3], even for quite large
notches ( ~5mm long). The other three materials
exhibit varying degrees of notch sensitivity [26, 27].
Moreover, the notch insensitivity in SiC/CAS arises
despite relatively small plastic strains. These results
delineate two issues that need resolution. (i) How
much plastic strain is needed to impart notch insensi-
tivity? (ii) Is the ratio of the “yield” strength to ulti-
mate tensile strength (UTS) an important factor
in notch sensitivity? This review will address both
questions.

The shear behaviour also involves matrix cracking
and fibre failure [25]. However, the ranking of the
shear stress—strain curves between materials (Fig. 6)
differs appreciably from that found for tension (Fig. 5).
Preliminary efforts at understanding this difference
and for providing a methodology to interpolate
between shear and tension will be described.

Analyses of damage and failure have established
that certain constituent properties are basic to com-
posite performance (Table II). These need to be meas-
ured, independently, and then used as characterizing
parameters, analogous to the yield strength and frac-
ture toughness in monolithic materials. The six major
independent parameters are the interfacial sliding
stress, T, and debond energy, I;, the in situ fibre prop-
erties, S, and m, the fibre/matrix misfit strain, (, and
the matrix fracture energy I, as well as the elastic
properties, E, v [4]. Dependent parameters that can
often be used to infer the constituent properties in-
clude: the fibre pull-out length [7, 14, 28], the fracture
mirror radius of the fibres [29] and the saturation
crack spacing in the matrix [30]. Approaches for
measuring the constituent properties in a consistent,
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Figure 5 Tensile stress—strain curves measured for a variety of
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250
200k sic/sic
&
Q.
s
=150+
(=}
@
[
o
b
5100} 1 sic/C
& ¥ SIiC/CAS ;» c
—
50 N4
. e ———
S——
N x
c/ic
8] L i 1
0.0 05 1.0 1.5 2.0 2.5 3.0 35 4.0 45

Shear strain, v (%)

Figure 6 Shear stress—strain curves measured for two-dimensional
CMCs.

straightforward manner will be emphasized and their
relevance to composite behaviour explored through
models of damage and failure. Moreover, the expres-
sions that relate composite behaviour to constituent
properties are often unwieldy, because a large number
of parameters are involved. Consequently, throughout
this article, the formulae used to represent CMC beha-
viour are the simplest capable of describing the major
phenomena. (The behaviour represented by these for-
mulae is often applicable only to composites: the
equivalent phenomenon being absent in monolithic

ceramics. Consequently, the expressions should be re-
stricted to composites with fibre volume fractions in
the range of practical interest ( f between 0.3 and 0.5).
Extrapolation to small f would lead to erroneous
interpretations, because mechanism changes usually
occur.)

In most composites with desirable tensile proper-
ties, linear elastic fracture mechanics (LEFM) criteria
are violated [31, 32]. Instead, various large-scale non-
linearities arise, associated with matrix damage and
fibre pull-out. In consequence, an alternative mechan-
ics is needed to specify the relevant material and
loading parameters and to establish design rules.
Some progress toward this objective will be described
and related to test data. This has been achieved using
large-scale bridging mechanics (LSBM), combined
with continuum damage mechanics (CDM) [12,
22-241.

The preceding considerations dictate the ability of
the material to survive thermal and mechanical loads
imposed for short durations. In many cases, long-term
survivability at elevated temperatures dictates the ap-
plicability of the material. Life models based on degra-
dation mechanisms are needed to address this issue.
For this purpose, generalized fatigue and creep models
are required, especially in regions that contain matrix
cracks. It is inevitable that such cracks exist in regions
subject to strain concentrations and, indeed, are re-
quired to redistribute stress. In this situation, degrada-
tion of the interface and the fibres may occur as the
matrix cracks open and close upon thermomechanical
cycling, with access of the atmosphere being possible,
through the matrix cracks. The rate of such degrada-
tion dictates the useful life.

1.3. Approach
To address the preceding issues, this article is organ-
ized in the following manner. Some of the basic ther-
momechanical characteristics of composites are first
established, with emphasis on interfaces and interface
properties, as well as residual stresses. Then, the
fundamental response of unidirectional (one-dimen-
sional) materials, subject to tensile loading, is ad-
dressed, in accordance with several sub-topics: (i)
mechanisms of non-linear deformation and failure, (ii)
constitutive laws that relate macroscopic performance
to constituent properties; (iii) the use of stress—strain
measurements to determine constituent properties in
a consistent, straightforward manner; (iv) the simula-
tion of stress—strain curves. The discussion of one-
dimensional materials is followed by the application
of the same concepts to two-dimensional materials,
subject to combinations of tensile and shear loading.
At this stage, it is possible to address the mechanisms
of stress redistribution around flaws, holes, attach-
ments and notches. In turn, these mechanisms suggest
a mechanics methodology for relating strength to the
size and shape of the flaws, attachment loading, etc.
Data regarding the effects of cyclic loading and creep
on the life of brittle matrix composites are limited. The
concepts to be developed thus draw upon knowledge
and experience gained with other composite systems,
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Figure 7 The philosophy adopted for using models in the design
and application of CMCs.

such as metal matrix (MMCs) and polymer matrix
(PMCs) materials. The overall philosophy is depicted
in Fig. 7.

2. Interfaces

2.1. Thermomechanical representation

The thermomechanical properties of coatings at
fibre/matrix interfaces are critically important. A con-
sistent characterization approach is necessary. The
most commonly adopted hypothesis is that there are
two parameters (Fig. 8). One is associated with frac-
ture and the other with slip [33-36]. Fracture, or
debonding, is considered to involve a debond energy,
I; [21, 37]. Slip is expected to occur with a shear
resistance, 1. A schematic representation (Fig. 9) illus-
trates the issues. Debonding must be a mode II (shear)
fracture phenomenon. In brittle systems, mode II frac-
ture typically occurs by the coalescence of micro-
cracks within a material layer [38, 39]. In some cases,
this layer coincides with the coating itself, such that
debonding involves a diffuse zone of microcrack dam-
age (Fig. 9). In other cases, the layer is very thin and
the debond has the appearance of a single crack. For
both situations, it is believed that debond propagation
can be represented by a debond energy, I, with an
associated stress jump above and below the debond
front [33]. Albeit that, in several instances, I is essen-
tially zero [40]. When a discrete debond crack exists,
frictional sliding of the crack faces provides the shear
resistance. Such sliding occurs in accordance with

a friction law [33-36, 40]
T = To— U0, (1)
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Figure 8 A basic cell model used for CMCs indicating the sliding
and debonding behaviour.
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Figure 9 The fibre sliding model indicating the location of debon-
ding and frictional sliding. The cross-hatched region is a thin fibre
coating.

where p is the Coulomb friction coefficient, o,, is the
compression normal to the interface and 1, is a term
associated with fibre roughness. When the debond
process occurs by diffuse microcracking in the coating,
it is again assumed (without justification) that the
interface has a constant shear resistance, 1.

For debonding and sliding to occur, rather than
brittle cracking through the fibre, the debond energy,
I';, must not exceed an upper bound, relative to the
fibre fracture energy, I't [37]. Calculations have sug-
gested that the following inequality must be satisfied
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Figure 10 A debond diagram for CMCs. The debond region is
below the cross-hatched curve.

(Fig. 10)
I 2 @I 2

Noting that most ceramic fibres have a fracture en-
ergy, It~ 20T m~2, Equation 2 indicates that the
upper bound on the debond energy, I3 = 5Jm™2
This magnitude is broadly consistent with experience
obtained on fibre coatings that impart requisite prop-
erties [18, 41-44].

2.2. Measurement methods

Measurements of the sliding stress, 7, and the debond
energy, I, have been obtained by a variety of ap-
proaches (Table IT). The most direct involve displace-
ment measurements. These are conducted in two
ways: (i) fibre push-through/push-in, by using a small-
diameter indentor [40]; (ii) tensile loading in the pres-
ence of matrix cracks [4, 45]. Indirect methods for
obtaining 7 also exist. These include measurement of
the saturation matrix crack spacing [30] and the fibre
pull-out length [14]. The direct measurement methods
require accurate determination of displacements,
coupled with an analysis that allows rigorous decon-
volution of load—displacement curves. The basic
analyses used for this purpose are contained in papers
by Hutchinson and Jensen [33], Liang and Hutchin-
son [46], and Jero et al. [35]. The fundamental fea-
tures are illustrated by the behaviour found upon
tensile loading, subsequent to matrix cracking (Fig.
11}. The hysteresis that occurs during an unload/re-
load cycle relates to the sliding stress, t. Accurate
values for t can be obtained from hysteresis measure-
ments [4, 17, 47]. Furthermore, these results are rel-
evant to the small sliding displacements that occur
during matrix crack evolution in actual composites.
(Information about 1 at larger sliding displacements is
usually obtained from fibre push-through measure-
ments.) The plastic strains contain combined informa-
tion about 7, Q and I;. Consequently, if 1 is already
known, I can be evaluated from the plastic strains
measured as a function of load, especially if Q has been
obtained from independent determinations [4]. The
basic formulae that connect t, I, and Q to the

~
~
~a

/ Gs =,‘>
(]
/ /’
'mc // g :“
A
/’ Lf'\, Elastic unloading, £*
/
/

Loop width, 8 &

Stress, O

EJS/ /) Unloading modulus, £

Strain, € — =

Figure 11 A typical load—unload cycle showing the parameters that
can be measured which relate to the interface properties.

stress—strain behaviour are presented in a subsequent
section.

2.3. Sliding models

The manipulations of interfaces needed to control
7 can be appreciated by using a model to simulate the
sliding behaviour. A simplified sliding model has been
developed (Fig. 19) which embodies the role of the
pressure at contact points, due to the combined effects
of a mismatch strain and roughness [35, 36]. Coulomb
friction is regarded as the fundamental friction law
operating at contacts. Otherwise, the system is con-
sidered to be elastic. The variables in the analysis are
(i) the amplitude and wavelength of the roughness; (ii)
the mismatch strain, €; (iii) the Coulomb friction coef-
ficient, u; and (iv) the elastic properties of the constitu-
ents. With these parameters as input, the sliding can
be simulated for various loading situations. One set of
simulations conducted for comparison with fibre
push-out tests (Fig. 12) illustrates the relative import-
ance of each of the variables. For this set, the fibre
roughness was characterized using a fractal method.
The roughness within the section was selected at ran-
dom, from the measured amplitude distribution, caus-
ing some differences in the push-out spectrum for each
simulation. By using this simulation, substantial sys-
tematic changes in the sliding resistance have been
predicted when the friction coefficient, the mismatch
strain and the roughness amplitude are changed.
(There are only minor effects of Poisson’s ratio). Gen-
erally, the mismatch strain and the roughness can be
measured independently [36]. Consequently, the com-
parison between simulation and experiment actually
provides an estimate of the friction coefficient, . If this
is found to be within-an acceptable range, the inferred
p is, thereafter, used to predict how t can be expected
to vary as either the misfit or the roughnesses are
changed, if p is fixed. This approach indicates
that p =~ 0.1 for either carbon or BN coatings [48],
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Figure 12 Simulation of the effects of the key variables on the
push-out behaviour: (a) roughness, (b) residual stress, (c) friction
coefficient.

whereas u =~ 0.5 for oxide coatings [49]. Such values
are compatible with macroscopic friction measure-
ments made on bulk materials and thus appear to be
reasonable. However, much additional testing is
needed to validate the sliding model.

2.4. Experimental results

Most of the experience with brittle matrix composites
is on carbon, BN, or molybdenum fibre coatings [18,
19, 41-44, 50]. Such coatings usually have a relatively
low debond energy, I, and can provide a range of
sliding stresses, © (Table II), as illustrated by compari-
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son of three different carbon coatings on sapphire
fibres in TiAl (Fig. 13a). A considerable range in t has
even been achieved with carbon coatings. Values be-
tween 2 and 200 MPa have been found. Furthermore,
this range obtains even at comparable values of the
misfit strain. The different values may relate to fibre
roughness. Roughness effects are best illustrated by
the sliding behaviour of sapphire fibres in a glass
matrix. During fibre manufacture, sinusoidal asperi-
ties are grown on to the surface of the sapphire fibres.
The sinusoidal fibre surface roughness is manifest as
a wavelength modulation in the sliding stress during
push-out (Fig. 13b) [36]. However, there must also be
influences of the coating thickness and microstructure.
A model that includes an explicit influence of the
coating has yet to be developed.

In many brittle matrix composites, the debond en-
ergy, Ii, has been found to be negligibly small
(I < 0.1 T m™?). Such systems include all of the glass
ceramic matrix systems reinforced with Nicalon fibres,
which have a carbon interphase formed by reaction
during composite processing. Low values also seem to
obtain for SiC matrix composites with BN fibre coat-
ings. The clear exception is SiC/SiC composites made
by chemical vapour infiltration (CVI), which use a car-
bon interphase, introduced by chemical vapour depos-
ition [517. For such composites, the non-linear beha-
viour indicates a debond energy, I~ 1-5Jm™?
(Table II). The interphase in this case debonds by
a diffuse damage mechanism [52]. Moreover, it has
been found that the coating behaviour can be changed
into one with I} & 0, either by heat treatment of the
composite (after CVI) or by chemical treatment of the
fibre [51]. A basic understanding of these changes in
I; does not exist.

2.5. Environmental influences

There are temperature and environmental effects on
t and T;. There are also effects on t of fibre displace-
ment and cyclic sliding (Fig. 13c). These effects can
critically influence composite performance. The basic
effect of temperature on t [53] concerns changes in the
misfit strain and friction coefficient, evident from the
simulations shown in Fig. 12. Environmental influen-
ces can be pronounced, especially in oxidizing
atmospheres. The major effects arise either at high
temperatures, or during fatigue (a consequence of in-
ternal heating associated with cyclic frictional slid-
ing at the interfaces). When either carbon or molyb-
denum coatings are used, t initially decreases upon
either exposure or fatigue (Fig. 13d), because a gap is
created between the fibre and matrix, caused by elim-
ination of the coating, through volatile oxide forma-
tion [7, 18, 53-55]. This process occurs when the local
temperature reaches ~ 800 °C. The subsequent beha-
viour depends on the fibres. When SiC fibres are used,
further exposure causes SiO, formation [56]. This
layer gradually fills the gap, leading to large values of
1. Eventually, a “strong” interface bond forms (with
large T;}) that produces brittle behaviour, without fibre
pull-out. Conversely, oxide fibres in oxide matrices
are inherently resistant to this embrittlement
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phenomenon [18, 49] and are environmentally desir-
able, provided that the matrix does not sinter to the
fibres.

3. Residual stresses

3.1. Origin

Many composite properties are sensitive to the resid-
ual stress caused by the misfit strain, Q, between fibre
and matrix. Measurement of these stresses thus be-
comes an important aspect of the analysis and predic-
tion of properties. These stresses arise at inter- and
intra-laminate levels. Within a laminate, the axial
stress in the matrix is [57]

q = (En/El)o’ 3)

where o7 is the misfit stress, which is related to the
misfit strain by (Tables III and 1V) [17, 33]

o' = (c2/e1)EnQ )

The average residual stress, c¥, in a 0/90 laminate,
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Figure 13 Some typical fibre push-out measurements conducted on
CMCs and intermetallic matrix composites: (a) Al,O5/TiAl within
C/Al1,05 double coatings, (b) SiC/glass (smooth) and Al,0;/glass
(rough) showing effect of fibre roughness, (¢) SiC/Ti with carbon
coating showing influence of fatigue, (d) Al,O3/Al,O5 with fugitive
molybdenum coating.

with uniform laminate thickness depends on constitu-

ent properties in approximate accordance with
[58, 59]

x _ QU =f)E(l — En/Ey)
T (U +vep)(1 + Ey/Eq)

Note that the residual stress o® — 0 as the elastic
properties become homogeneous (E;=E_, = E;).
While connections between the residual stresses and
constituent properties are rigorous, experimental de-
termination is still necessary, because Q is not readily
predictable. In general, Q includes terms associated
with the thermal expansion difference, o — o, as well
as volume changes that occur either upon crystalliza-
tion or during phase transformations. For CVI sys-
tems, “intrinsic” stresses may also be present.

The temperature dependence can be assessed from
the thermal expansion mismatch, by using

Q = Qo — (o — o) AT (6)

(5)

where ATy is the temperature change from ambient
and Q, is the ambient misfit strain, measured using the
procedures outlined below.
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TABLE III Inventory of non-dimensional functions

Relative stiffness
Sliding index

Cyclic sliding index
Loading index

Cyclic loading indices

Bridging index
Cyclic bridging indices

Misfit index

Debond index

Hysteresis index
Crack spacing index
Matrix cracking index
- Residual stress index
Flaw index

E—fE/(l —f)Eq

T - E[toE/cE:]"?

AT 5 E[tE/ACE]'?

& —[2Ro/fE%a1y]

A& - [2R(Ac)/fE%aty]

A&y~ [2R(Ac)/fE%agTo]

&~ [2Roy/fE%at,]

A&, — [2R(Aop)/fE%ato]

A&y — [2RE(0s — o) AT/E f10a]

1= 2 = (ea/e1 ) En/5,
GP

%, {5’— = (1/e)(EnT/REIV2 — Ty

P
H = by(l — a,f)?RG2/ALTE, 12
L Tl — ) EE,/f1*E. R
M =610, f2E /(1 — f)EZRE,
2 E:fQ/E (1 — V)
o > aoS2/ET

Flaw index for bridging
Flaw index for pull-out

oy~ Lf1(1 — )1 (EcEL/EZ)(ao7/RS.)
Mp - (HO/h)(Sp/EL)

TABLE IV Summary of HJ [33] constants for type II boundary
conditions

ay = E¢/E

(A =f)E[1 + E¢/E]
[E + (1 — 2v)E]

a; =

by =

(12 +V)E{2(1 = vPEc+ (1 =2V)[1 — v+ f(1 + V)I(E, — Ef)}
(1 = V)E:[{1 +Vv)Eo + (1 - V)E,]

SA AW =A)A + )L — 2v)(Er — En) + 2(1 — v)* Enn}
(1 =v)I =LA + V)Eo + (1 = V)En]

o _(=fay)(bs + by)"”

by =

1 2
ay(by + b3)'?
= —
2

/ l—a,f
cy/cy =

1/€2 af
with

E=fE+(1-f)Eq
Eo=(1—f)E+fEn

3.2. Measurement methods

Several experimental procedures can be used to
measure the residual stresses. The four preferred
methods involve (a) diffraction (X-ray or neutron), (b)
beam deflection, (¢) Raman microscopy and (d) per-
manent strain measurements. X-ray diffraction
measurements give lattice strains. They have the lim-
itation that the penetration depth is small, such that
only near-surface information is obtained. Moreover,
in composites, residual stresses are redistributed near
surfaces [46]. Consequently, a full stress analysis is
needed to relate the measured strains to either g or o®
and the method has not been widely used.

Beam deflection and permanent strain measure-
ments have the advantage that they provide informa-
tion averaged over the composite. The results thus
relate directly to the misfit strain, Q. An experimental
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approach having high reliability involves curvature
measurements on beams made from 0/90 composites
[60]. For such material, polishing to produce one 0°
layer and one 90° layer results in elastic bending
(Fig. 14) (unless the material has a plain weave). The
curvature, x, is related to the residual stress by [60]
(note there is a typographical error in Beyerle et al.
[10]: the width w was omitted in their equation)

ot = Ep lyx/tiw (7

where [, is the second moment of inertia, ¢, is the
beam thickness and w the beam width.

When only one-dimensional material is available,
the preferred approach is to measure the displace-
ment, AR, that occurs when a section of matrix, length
Ly, is removed by dissolution (when possible). The
residual stress in the matrix is then [61]

q = EffAR/(l —f)La ®)

Typical results are plotted on Fig. 15.

The Raman microscope can be used in two different
modes to measure the residual stress. Both methods
rely of shifts in Raman peaks induced by strain. A flu-
orescence spectroscopy method [62, 63] uses the flu-
orescence peak created by impurities and dopants
(such as chromium) in oxide fibres, particularly
Al,O3. The capability of the method has been

Figure 14 A schematic illustration of the beam bending effect used
to evaluate the residual stress.
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Figure 15 Displacements caused by matrix dissolution as a func-
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TABLE V Important constituent properties for two typical
CMCs: comparison between SiC/SiC and SiC/CAS [4]

Property Material

SiC/CAS SiC/SiC
Matrix modulus, E,, (GPa) 100 400
Fibre modulus, E; (GPa) 200 200
Sliding stress, T (MPa) 15-20 50-150
Debond energy, I} (Jm™2) ~0.1 ~4
Residual stress, g (MPa) 80-100 50-100
Fibre strength, S, (GPa) 2.0-2.2 1.3-1.6
Shape parameter, m 3.3-38 4.2-47
Matrix fracture energy, I}, (Jm™?) 20-25 5-10

demonstrated for Al,Oj; fibre-reinforced materials.
The second method applies to ceramic fibres that
contain carbon (such as Nicalon and carbon itself). It
relies on the shifts in the peaks of the Raman spectrum
for carbon [64]. The method has been applied to
Nicalon fibre-reinforced CMCs.

The permanent strains that arise following tensile
plastic deformation also relate to Q. Measurement of
these strains allows Q to be assessed [17]. The relevant
formulae are presented later in Section 5.4.

3.3. Experimental results

Experimental results are mostly consistent with a mis-
fit strain that derives from the thermal expansion
difference, o,, — o, and the cooling range from the
processing temperature. Examples for SiC/CAS and
SiC/SiCcvy are given in Table V. However, volumetric
changes that occur in the matrix contribute to
Q, when relatively low-temperature processing steps
are used. For example, matrix crystallization of glass
ceramics can induce substantial misfit [64].

4. Fibre properties
4.1. Load sharing
The strength properties of fibres are statistical in
nature. Consequently, it is necessary to apply prin-
ciples of weakest link statistics, which define the prop-
erties of fibres within a composite. The initial decision
to be made concerns the potential for interactions
between failed fibres and matrix cracks. It has gener-
ally been assumed that matrix cracks and fibre failure
are non-interacting and that global load sharing
(GLS) conditions obtain (however, a criterion for GLS
breakdown has yet to be devised) [14, 18, 65, 66]. In
this case, the stress along a material plane that inter-
sects a failed fibre is equally distributed among all of
the intact fibres. Experience has indicated that these
assumptions are essentially valid for a variety of
CMCs.

Subject to the validity of GLS, several key results
have been derived. Two characterizing parameters
emerge [67]: a characteristic length

It = Lo(SoR/t)™ )
and a characteristic strength

st S¢[Lov/R] (10)

where m is the shape parameter that characterizes the
fibre strength distribution, S, the scale parameter,
L the reference length, and R the fibre radius. Various
GLS results based on these parameters are described
below.

When fibres do not interact, analysis begins by
considering a fibre of length 2L divided into 2N ele-
ments, cach of length 8z. The probability that a fibre
clement will fail, when the stress is less than o, is the
area under the probability density curve [68, 69]

oz [°

— | 9(5)ds (11)

59(0) = 7
0Jo

where g(S)dS/L, represents the number of flaws per
unit length of fibre having a “strength” between S and
S + dS. The local stress, o, is a function of both the
distance along the fibre, z, and the reference stress, Gy,
The survival probability, P, for all elements in the
fibre of length 2L is the product of the survival prob-
abilities of each element [70]

N
PGy, L) = [] [1-8¢(5s,2)] (12)
n=-N

where z = n6z and L = N dz. Furthermore, the prob-
ability, @, that the element at z will fail when the peak,
reference stress is between &4, and &, + 8&,, but not
when the stress is less than &,, is the change in 3¢
when the stress increased by 86, divided by the sur-
vival probability up to Gy, given by [68, 69, 71]

Bs(69.2) = [1—5(5p,2)]"" [w] d,

(13)

Denoting the probability density function for fibre
failure by @ (G4, z), the probability that fracture occurs
at a location z, when the peak stress is Gy, is governed
by the probability that all elements survive up to
a peak stress &, but that failure occurs, at z, when the
stress reaches Gy, [71-73]. It is given by the product of
Equation 12 with Equation 13

N
101 ~ 8(5s, 2)]

_ ~ _ -N
(86, 2036602 =~ 555 2]
X[M]déb (14)
aGb

While the above results are quite general, it is conveni-
ent to use a power law to represent g{S)

o]

ch(S)ds — (o/So)" (15)

Alternative representations of g(S) are not warranted
at the present level of development. Using this as-
sumption, Equation 14 becomes [72]

_ L o(éb,z)}mgi}
exp{ ZL[ S o

2\ 3 [o(6y,2) "
X(L_>¥[ So } (1

This basic result has been used to obtain solutions for
several problems [14, 72, 74] described below.

DSy, 2) =
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4.2. The ultimate tensile strength
When multiple matrix cracking precedes failure of the
fibres in the 0° bundles, the load along cach matrix
crack plane is borne entirely by the fibres. Neverthe-
less, the matrix has a crucial role, because stress trans-
fer between the fibres and the matrix still occurs
through the sliding resistance, t. Consequently, some
stress can be sustained by the failed fibres. This stress
transfer process occurs over a distance related to the
characteristic length, 8.. As a result, the stresses on the
intact fibres along any plane through the material are
less than those experienced within a “dry” fibre bundle
(in the absence of matrix). The transfer process also
allows the stress in a failed fibre to be unaffected at
distance 0. from the fibre fracture site (Fig. 16).
~ Consequently, composite failure requires that fibre

bundle failure occurs within 8. [14]. This phenom-
enon leads to an ultimate tensile strength (UTS) inde-
pendent of gauge length, L,, provided that L, > &..
(At small gauge lengths (L, < 3.), the UTS becomes
gauge length dependent and exceeds S, [66].) The
magnitude of the UTS can be computed by first evalu-
ating the average stress on all fibres, failed plus intact,
along an arbitrary plane through the material. Then,
by differentiating with respect to the stress on the
intact fibres, in order to obtain the maximum, the
UTS becomes

Se = f;S.F(m) (17a)

with
Fm) = [2/(m+ D]V D [(m + 1)/(m + 2)] (17b)

It is of interest to compare this result to that found for
a “dry” bundle. Then, the “fibre bundle” strength, S,

G
4o
7%*2_*-5? o, 1 |
SO
— ___.K..__.___ 1L/ .z_./.______ z=0
- /}r "w1x =
[Fibre failureJ “/{
or [
ElzeZzN=N-N

Figure 16 A schematic illustration of the load transfer process from
failed fibres.

3868

1.4F

1.0 " L x ] L Il L 1
0 5 10 15 20

Shape parameter, m

Normalized ultimate flexural strength,
S: /S,

Figure 17 Relationship between ultimate strengths measured in
flexure and tension.

depends on the gauge length in accordance with [75]
Sy = fSo(Lo/Lg)tme tim (17¢)

In all cases, S, > Sy

As the load increases, the fibres fail systematically,
resulting in a characteristic fibre fragment length. At
composite failure, there can be multiple cracks within
some fibres. The existence of many fibre fragments is
still compatible with a high ultimate tensile strength (a
good analogy being the strength of a wire rope). How-
ever, a diminished creep strength may ensue, as
elaborated below (Section 9).

The above results are applicable to tensile loading.
When a bending moment is applied, the behaviour is
modified. In this case, the stress is redistributed by
both matrix cracking and fibre failure. Predictions of
the UTS in pure flexure (Fig. 17) indicate the salient
phenomena [66].

4.3. Fibre pull-out

In CMCs with good composite properties, fibre pull-
out is evident on the tensile fracture surfaces [73].
Various measurements conducted on these surfaces
provide valuable information. Regions with highly
correlated fibre failures, with minimal pull-out, are
indicative of manufacturing flaws. Such flaws often
occur in regions where fibre coating problems existed.
In zones where fibre failures are uncorrelated, the
distribution of fibre pull-out lengths provides essential
information. The pull-out lengths are related explicitly
to the stochastics of fibre failure [14, 72]. The basic
realization is that, on average, fibres do not fail on the
plane of the matrix crack, even though the stress in the
fibres has its maximum value at this site. This unusual
phenomenon relies exclusively on statistics, wherein
the locations of fibre failure may be identified as a dis-
tribution function that depends on the shape para-
meter, m. Furthermore, the mean pull-out length, A,
has a connection with the characteristic length, &..
Consequently, a functional dependence exists, dictated
by the non-dimensional parameters, th/RS, and m. If
it is assumed that sliding is controlled by a constant
stress, 1, dictated by roughness and friction and that
the shape parameter for the fibres is unaffected by
the details of the friction, the pull-out length can be



expressed as [14]

ht/RS. = A\(m) (18)

There are two bounding solutions for the function
A (Fig. 18). Composite failure subject to multiple
matrix cracking gives the upper bound. Failure in the
presence of a single crack gives the lower bound.

Because of pull-out, a frictional pull-out resistance
exists, which allows the material to sustain load, be-
yond the UTS. The associated “pull-out” strength, S,
is an important property of the composite (Fig. 19).
The strength, S, is given by [76]

S, = 2tfh/R
2fS.h(m)

(19)

4.4. Influence of flaws

The preceding results are applicable provided that
there are no unbridged segments along the matrix
crack. Unbridged regions concentrate the stress in the
adjacent fibres and weaken the composite [12, 77, 78].
Simple linear scaling considerations indicate that the

Relative pull-out length, AT/ RS

Multiple matrix cracks

~———
-
~—

0.0 A : : .
0

Shape parameter, m

Figure 18 Bounds on the relationship between the non-dimensional
fibre pull-out length and the Weibull modulus.
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Flaw index, 4, =
E?
mate tensile strength.

diminished UTS depends on a non-dimensional flaw
index (Table III)

o = a()Sé/ELr (20)

where I' is the “toughness”, reflected in the area under
the stress—displacement curve for the bridging fibres,
E is Young’s modulus and 24, is the length of the
unbridged segment. The flaw index, .o/, can be speci-
fied, based on I, using large-scale bridging mechanics
(LSBM). The dependence of the UTS, designated S¥,
on the flaw index o/ can be determined from LSBM
by numerical analysis [78] (Fig. 19). The results reveal
that the ratio S,/S,, is an important factor. Notably,
relatively large values of the “pull-out” strength allevi-
ate the strength degradation caused by unbridged
cracks.

4.5. In situ strength measurements
In general, composite consolidation degrades fibre
properties and it becomes necessary to devise proced-
ures that allow determination of S; and m to be evalu-
ated relevant to the fibres within the composite. This is
a challenging problem. In some cases, it is possible to
dissolve the matrix without further degrading the
fibres and then measure the bundle strength [ 79]. This
is not feasible with most CMCs of interest. The follow-
ing two alternatives exist.

Some fibres exhibit fracture mirrors when they fail
within a composite (e.g. Nicalon). A semi-empirical
calibration has been developed that relates the mirror

radius, a,,, to the in situ fibre tensile strength, S, given
by (Fig. 20).

S = 3.5(ETy/am)? (21)

where I} is the fracture energy of the fibre [7, 29, 80].
By measuring S on many fibres, and then plotting the

Figure 20 A schematic illustration of a fracture mirror and the
dimension a,, used to predict the in situ strength.
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cumulative distribution, both the shape parameter, m,
and the characteristic in situ fibre strength, S., can be
ascertained. Results of this type have been obtained
for Nicalon fibres in a variety of different matrices
(Fig. 21). This compilation indicates the sensitivity of
the in situ strength to the composite processing ap-
proach. This fibre strength variation is also reflected in
the range in UTS found among CMCs reinforced with
these fibres (Fig. 5).

A problem in implementing the fracture mirror ap-
proach arises when a significant fraction of the fibres
does not exhibit well-defined mirrors. Those fibres
that do not have mirrors usually have a smooth frac-
ture surface. It has thus been assumed that these are
the weakest fibres in the distribution [61, 80]. The
order statistics used to determine G(S) are adjusted
accordingly. This assumption has not been validated.

The only alternative approaches for evaluating S,
known to the authors, are based on pull-out and
fragment length measurements [28]. Both quantities
depend on S, and m, as well as 7. Consequently, if 7 is
known, S, can be determined. For example, m can be
evaluated by fitting the distribution of fibre pull-out
lengths to the calculated function. Then, S, can be
obtained for the mean value, h, using Equation 12.
This approach has not been extensively used and
checked.

4.6. Experimental results

Several studies have compared the multiple matrix
cracking GLS prediction, S, (Equations 17a-c) with
the UTS measured for either one- or two-dimensional
CMCs. In most cases, the UTS is in the range (0.7-1)
S, as indicated in Fig. 22. The two obvious discrepan-
cies are the SiC/SiCcy; material and one of the SiC/C
materials. In these cases, the GLS predictions overesti-
mate the measured values. Moreover, T is relatively
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Figure 22 Comparison of the measured UTS with S, predicted from
GLS (Equation 17a) plotted against a stress concentration index.
Note that h is inversely proportional to t.

large for both materials, as reflected in the magnitude
of the stress concentration index (Fig. 22). Two factors
have to be considered as these results are interpreted.
(i) Insome materials, the fraction of fibres that exhibit
mirrors is not large enough to provide confidence in
the inferred values of S, and m. This issue is a particu-
lar concern for the SiC/SiCcy; material. (ii) In other
materials, manufacturing flaws are present that pro-
vide unbridged crack segments, which cause the UTS
to be smaller than S, (Section 4.4).

With the above provisos, it is surprising that the
UTS measured for several two-dimensional CMCs is
close to the GLS prediction. In these materials, cracks
exist in the 90° plies at low stresses and these cracks
should concentrate the stress on the neighbouring
fibres in the 0° plies. The UTS would thus be expected
to follow the strength degradation diagram (Fig. 19).
That this weakening does not occur remains to be
explained. It probably refiects the influence on the
strength degradation of elastic anisotropy, as well as
pull-out (Fig. 19).

5. Matrix cracking in unidirectional
materials

The development of damage in the form of matrix
cracks within one-dimensional CMCs subject to ten-
sile loading has been traced by direct optical obser-
vations on specimens with carefully polished surfaces
and by acoustic emission detection [6, 8, 55, 617, as
well as by ultrasonic velocity measurements [81]. In-
terrupted tests, in conjunction with sectioning and
SEM observations, have also be used. Analyses of the
matrix damage found in one-dimensional CMCs
provides the basis upon which the behaviour of two-
and three-dimensional CMCs may be addressed. The
matrix cracks are found to interact with predomi-
nantly intact fibres, subject to interfaces that debond
and slide. This process commences at a lower bound
stress, 6,,.. The crack density increases with increase
in stress above &, and may eventually attain a satu-

ration spacing, d,, at stress &,. The details of crack
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Figure 23 A mechanism map representing the various modes of
interface response.

evolution are governed by the distribution of matrix
flaws. The matrix cracks reduce the unloading elastic
modulus, E, and also induce a permanent strain,
g0 (Fig. 9). Relationships between E, g, and constitu-
ent properties provide the key connections between
processing and macroscopic performance, via the
properties of the constituents.

The deformations caused by matrix cracking, in
conjunction with interface debonding and sliding, ex-
hibit three regimes that depend on the magnitude of
the debond stress, &;. In turn, &; depends on the
debond energy through the relationship [33]

Gi (1/c1)(ExTy/R)V* — o7

Il

= op—o" (22a)
which has a useful non-dimensional form

A mechanism map that identifies the three regimes is
shown in Fig. 23 [17]. When X; > 1, debonding does
not occur, whereupon matrix crack growth is an en-
tirely elastic phenomenon. When Z; < 3, small debond
energy (SDE) behaviour arises. The characteristic of
SDE is that the reverse slip length at the interface,
upon complete unloading, exceeds the debond length.
For SDE, I is typically small and does not affect
certain properties, such as the hysteresis loop width.
The term SDE is thus used, loosely, to represent the
behaviour expected when I'; & 0. An intermediate,
large debond energy (LDE) regime also exists, when
1 < %, < 1. In this situation, reverse slip is impeded by
the debond.

5.1. Basic mechanics

The approach used to simulate mode I cracking under
monotonic loading is to define tractions o, acting on
the crack faces, induced by the fibres (Fig. 1} and to
determine their effect on the crack tip by using the
J integral [31, 57]

by = g—f opdu (23)

0

where ¥ is the energy release rate and u is the crack

opening displacement. Cracking is considered to pro-
ceed when %,;, attains the pertinent fracture energy.
Because the fibres are not failing, the crack growth
criterion involves matrix cracking only. A lower
bound is given by [57, 82]

Gip = Tl —f) (24)

with I, being the matrix toughness. Upon crack ex-
tension, 4 becomes the crack growth resistance, I'g,
whereupon

u

Tp = I'nt-H+ j opdu (25)

4]

A traction law, o,(u), is now needed to predict I'g.
A law based on frictional sliding along debonded
interfaces has been used most extensively and appears
to provide a resonable description of many of the
observed mechanical responses (Equation 1). The trac-
tion law also includes effects of the interface debond
energy, I'; [33]. For many CMCs, I is small, as
reflected in the magnitude of the debond stress, Z;.

For a constant sliding stress, Ty, the sliding distance,
I, in the absence of fibre failure, is related to the crack
surface tractions, oy, by [13, 31, 33]

£ = [RE.(1—f)/2tEcfJ(op, — G;)  (26)

The sliding length is, in turn, related to the crack
opening displacement. The corresponding traction
law is [17, 31, 57]

oy — & = (28t ELfu/R)'? @n

where £ is defined in Table IIL

The matrix fracture behaviour can also be described
by using stress intensity factors, K. This approach is
more convenient than the J integral in some cases:
particularly for short cracks and for fatigue [31, 83].
To apply this approach, it is first necessary to specify
the contribution to the crack opening induced by the
applied stress, as well as that provided by the bridging
fibres. For a plane strain crack of length 24 in an
infinite plate, the contribution due to the applied
stress is [84]

Ug = (4/Ep)o(a® — x*)'V? (28a)

and that caused by bridging is
uy = —(4/E) r op(X)H dz (28b)

0

with H being a weight function. The net crack opening

displacement is
U = Uy + Uy (29)

The contribution to K from the bridging fibres is
obtained using [84]

2)\1/2 Op{x)dx
() L@t e

with o, given by Equation 27. The shielding asso-
ciated with K, leads to a tip stress intensity factor

Ky = K+K, (31)

where K depends on the loading and specimen
geometry.

Kb=

tip
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A criterion for matrix crack extension, based on
Kp, is needed. For this purpose, to be consistent with
the energy criterion (Equation 24), the critical stress
intensity factor is taken to be

Kip = [ETH(1 -1V (32)

Then, the two approaches (K and %) lead to the same
steady-state matrix cracking stress.

5.2. The matrix cracking stress

The preceding basic results can be used to obtain
solutions for matrix cracking [13, 45, 57, 82, 83].
Present understanding involves the following factors.
Because the fibres are intact, a steady-state condition
exists wherein the tractions on the fibres in the crack
wake balance the applied stress. This special case may
be addressed by integrating Equation 23 up to a limit
u = ugy. This limit is obtained from Equation 27 by
equating oy, to o. For SDE, this procedure gives [57]

(c +c"PEZ(1 —f)°R
670 f 2 E¢Ef

Gop = (33)

A lower bound to the matrix cracking stress, Gy, is
then obtained by invoking Equation 24 such that [57]

_ 6T/ E 1
Ome = "L (1 = f)ELRE,
= o2 —of (34)

In some cases, small matrix cracks can form at stresses
below &, [6]. These occur either within matrix-rich
regions or around processing flaws. The non-linear
composite properties are usually dominated by fully
developed matrix cracks that form at stresses above
& me. However, these small flaws may provide access of
the atmosphere to the interfaces and cause degrada-
tion.

Analogous results can be obtained using stress
intensity factors [31, 83]. For a small centre crack in
a tensile specimen, (K = o/(na)*/?). Equations 30 and
32 give a steady-state result, at large crack lengths
[83]
oR*'/?
62T

where J is a sliding index defined in Table II1I. When
combined with the fracture criterion (Equation 32),
the matrix cracking stress, &, is predicted to be the
same as that given by Equation 34.

The K approach may also be used to define
a transition crack length, a,, above which steady-state
applies. This transition length is given by [31, 83]

Kip (35)

a/R = En[Tu(l + £ (1 — f) /3 f*EERT® - (36)

Namely, when the initial flaw size a; > g, cracking
occurs at ¢ = &,,,. Conversely, when the initial flaws
are small, a; < q,, it has been shown that [83]

3.05 5.5
Kip ~ K[l — 7(5 +33)"2 + _g_] (37
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where & is a loading index defined as (Table III)
& = 2R(1 — f)?E20/E¢Etgaf?*(1 — v?)  (38)

This result for K;,, when combined with Equation 32,
gives a revised matrix cracking stress, which exceeds
T e

Analogous results can be derived for the LDE re-
gime. In this case, Equation 27 may be used with
Equation 23 to derive an energy release rate, which
can be combined with the fracture criterion (Equation
24) to predict G,,.. The result is contained within the
implicit formula

[(Gmc + GT)/GI(ZIC:ls - 3[(Gmc + GT)/UrOrlc] (GD/GS‘W)Z

+ 3(op/on:)’ = 1 (39)

The trend in o, with debond stress is plotted on
Fig. 23.

5.3. Crack evolution

The evolution of additional cracks at stresses above
G 18 less well understood, because two factors are
involved: screening and statistics [30, 85]. When the
sliding zones between neighbouring cracks overlap,
screening occurs and ¥, differs from, ¢3,. The rela-
tionship is dictated by the location of the neighbour-
ing cracks. When a crack forms midway between two
existing cracks with a separation 2d, subject to SDE,
%, 1s related to %3, by [30]

tip
Gin/Gip = A4dj2¢)  for0<dif <1 (40)
and
Gun/90% = 1 =41 —dj2¢)y  for0<d/I<2

(41)

When d is sufficiently small %, is independent of the
stress. Once this occurs, %, cannot increase and is
unable to again satisfy the matrix crack growth cri-
terion (Equation 24). This occurs with spacing, d;, at
an associated stress G (Fig. 11). This saturation spac-
ing is given for SDE materials by

d/R = y[Tw(l =P EEn/fBGERT? (42)

Note that this result is independent of the residual
stress, because the terms containing (o, + o') in
Equations 26 and 33 cancel when inserted into Equa-
tion 40. The coefficient y depends on the spatial
aspects of crack evolution: periodic, random, etc.
Simulations for spatial randomness indicate that
vy = 1.6 [30].

In addition to these screening effects, the actual
evolution of matrix cracks at stresses above o Is
governed by statistics that relate to the size and spatial
distribution of matrix flaws. If this distribution is
known, the evolution can be predicted. Such statistical
effects arise when the matrix flaws are smaller than the
transition size, a,, at which steady-state commences
(Equation 36). In this case, a flaw size distribution
must be combined with the short crack solution for



K, (Equation 37) in order to predict crack evolution.
At the simplest level, this has been done by assuming
an exponential distribution for the matrix flaw size

[86]
¢ = exp(L/Ly)(a/a)® (43)

where ¢ is the fraction of flaws in a composite, length
L, having size larger than a, ® is a shape parameter
related to the Weibull modulus for the matrix,
(® = my,/2) and L, is a scale parameter

L, = Al (44)

with /.. being the slip distance at ¢ = o, and A
a flaw-size coefficient. The condition A, <1 corres-
ponds to a high density of matrix flaws already large
enough to be at steady-state. Conversely, A, > 1 refers
to a situation wherein most matrix flaws are smaller
than the transition size, 4,.

Simulations can be performed in which the key
variables are the shape parameter @ and the scale
parameter A,. The simulated crack densities (Fig. 24a)
indicate a sudden burst of cracking at 6 = 6., when
As < 1, followed by a gradual increase with continued
elevation of the stress. In contrast, when A, > 1, the
cracks evolve more gradually with stress, reaching
saturation at substantially higher levels of stress.
(Nevertheless, the saturation spacing remains insensi-
tive to A, [86].) These simulated behaviours are quali-
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Figure 24 (a) Simulation of crack evolution for various matrix flaw
distributions characterized by Ag when the shape parameter ® = 2.
(b) Evolution of matrix crack density with stress for unidirectional
SiC/CAS.

tatively similar to those measured by experiment
(Fig. 24b). Moreover, the values found for o are in
a reasonable range (m, = 20 ~ 4-8). However, be-
cause o and A are not known, a priori, in practice this
approach becomes a fitting procedure rather than
a predictive model. Despite this limitation, it has been
found that a simple formula can be used to approxim-
ate crack evolution in most CMCs [4], given by
(Fig. 24b)

J ~ “[65/6mc—'1]
T [6/6me — 1]
Analogous resuits can be derived for LDE, with the

debond length given by Equation 28b and the refer-
ence energy release rate by Equation 39.

(43)

5.4. Constitutive law
Analyses of the plastic strains caused by matrix cracks,
combined with calculations of the compliance change,
provide a constitutive law for the material. The impor-
tant parameters are the permanent strain, g, and the
unloading modulus, E. These quantities, in turn, de-
pend on several constituent properties; the sliding
stress, T, the debond energy, I';, and the misfit strain,
Q. The most important results are summarized below.
Matrix cracks increase the elastic compliance. Nu-
merical calculations indicate that the unloading elastic
modulus, E*, is given by [20]

EJE* =1 = (R/A)B([E;/EL) (46)
where 4 is the function plotted in Fig, 25. The matrix
cracks also cause a permanent strain associated with
relief of the residual stress. This strain, e¥*, related to
the modulus and the misfit stress by (Fig. 26) [20]

g* = oT(1/E* — 1/EL) 47)

The preceding effects occur without interface sliding.
The incidence of sliding leads to plastic strains that
superpose on to £*. The magnitude of these strains
depends on Z; (Fig. 23) and on the stress relative to the
saturation stress, 6,. Because saturation arises when
the slip zones from neighbouring cracks overlap, the
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Figure 25 Effects of modulus mismatch and fibre volume fraction
on the elastic compliance.
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(b) Behaviour in the absence of debonding and sliding.

saturation stress may first be estimated from Equation
26 by equating ¢ and d,. This gives

_ 2‘fod_sEff
B S il LS 48
%O N REL (- ) )

5.4.1. Stresses below saturation
54.1.1. Small debond energy. For SDE, when

6 < &,, the unloading modulus E depends on 1, but
is independent of I'; and Q. However, the permanent
strain, &y, depends on I'; and Q, as well as 1,. These
differing dependencies of E and €, on constituent
properties have the following two implications. (i) To
simulate the stress—strain curve, both g, and E are
required. Consequently, t,, I'; and Q must be known.
(i) The use of unloading and reloading to evaluate the
constituent properties has the convenience that the
hysteresis is dependent only on 1,. Consequently, pre-
cise determination of t, is possible. Moreover, with 1,
known from the hysteresis, both T'; and Q can be
evaluated from the permanent strain. The principal
SDE results are as follows.
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The permanent strain is [4, 8, 17]
(o — €Mt = 41 -Z)Z; +1—23% (49)
where J# is a hysteresis index (Table 1II)
H = by(l — a;f)* RG?/4droE,, f> (50)
and
21 = o6'/6 (51)

The hysteresis loop is parabolic and has a maximum
width at half maximum, 8¢,,, (Figs 9, 26) given by

681/2 = %/2 (52)
The unloading strain is (Fig. 26)
Ag, = # (53)

and the unloading modulus is

(B! = (E¥)'+#/5 (54)

5.4.1.2. Large debond energy. For LDE (Fig. 23),
when G < G,, the unloading modulus depends on
both 1, and T'; (Fig. 26). There are also linear segments
to the unloading and reloading curves. These seg-
ments can be used to establish constructions that
allow the constituent properties to be conveniently
established. The principal results are as follows. The
permanent strain is [17]

(Go— €51 = 21l —T)(1 - +25) (55
and the unloading modulus is )
(E)™' = (E)7'+4Z(1—-Z)#/5  (56)

In this case, the hysteresis loop has parabolic and
linear segments. The loop width depends on the mag-
nitude of E;. For intermediate values, 3 < Z; <2

6<‘31/2 = %[% — (- 2Zi)2] (57)
whereas for 3 < T, < 1
581/2 = 4%[1 — Zi]z (58)

5.4.2. Stresses above saturation
At stress, ¢ > &, the crack density remains essentially
constant and there is no additional stress transfer
between the fibres and the matrix. In this case, the
tangent modulus has been assumed to be given by
[13]

E, = do/de

= fE (59)

In practice, the tangent modulus is usually found to be
smaller than predicted by Equation 59. Two factors
are involved: changes in the sliding stress and fibre
failure. At high fibre stresses, the Poisson contraction
of the fibres reduces the radial stress, o,. Conse-
quently, whenever the sliding stress can be represented
by Equation 1, t decreases as the stress increases. The
associated tangent modulus at fixed crack spacing is

[33]

d6/de = biE.d/ash,R[1 + 9 + exp( — $)](60)



where 8§ = 2ubd/R, with p being the friction coef-
ficient.

As the UTS is approached, significant fibre failures
occur, which further reduce the tangent modulus. The
basic stress—strain relationship is [66]

o (= 172+ n(m+ 1)
S = fEfe{”,,; ! l:l+n(m+1)]
X (Efé/sc)"('"ﬂ)} (61)

The hysteresis behaviour also changes once satura-
tion has been achieved, although initial unloading is
still parabolic, but then becomes linear. The loop
width eventually reaches

deyp = 2TOJs/EfR (62)

5.5. Simulations

The preceding constitutive laws may be used to simu-
late stress—strain curves for comparison with experi-
ments. In order to conduct the simulations, the con-
stituent properties, 7, I'; and Q are first assembled into
the non-dimensional parameters &, X;, and Xy. For
this purpose, it is necessary to have independent
knowledge of d(G). When this does not exist, an es-
timation procedure is needed, based on Equation 45,
through evaluation of d;, &, and &,. The first step is
to use Equation 42 to evaluate the saturation crack
spacing d; from the constituent properties. One limita-
tion of this procedure concerns the accuracy with
which y and T, are known. An alternative option
exists when crack spacing data are available for an-
other CMC with the same matrix. Then, Equation 42
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Figure 27 Simulated stress—strain curves for one-dimensional
CMCs indicating the relative importance of constituent properties.
(a) LDE, T; = 2Jm ™2, 0,/0p, = 2; (b) SDE, I; =0, 0,/0p. = 1.5.

can be used to scale d, in accordance with
J? ~ EfRZ/T%)EL (63)

It is also possible to estimate &, from the constituent
properties, by using Equation 39. Then Equation 48 is
used to estimate &,.

When d(6) has been established in this manner,
stress—strain curves can be simulated for one-dimen-
sional materials. Internal consistency recognizes that
both d; and &,,. depend on 1, and T;. In addition,
Sme depends on the misfit stress 6*. However, d; is 6*
independent. Based on this approach, simulations
have been used to conduct sensitivity studies of the
effects of constituent properties on the inclastic strain.
Examples (Fig. 27) indicate the spectrum of possibili-
ties for CMCs.

5.6. Experiments
Matrix cracking and inelastic strain measurements
have been made on two unidirectional CMCs [4, 48]:
SiC/CAS, as well as SiC/SiC (produced by CVI). The
stress—strain curves for these two materials (Fig. 28)
indicate a contrast in inelastic strain capability. Some
typical hysteresis measurements for these materials
(Fig. 28) reveal major differences which must reflect
differences in constituent properties. There are also
considerable differences in the evolution of matrix
cracks. An analysis of the hysteresis loops (Fig. 29)
and the permanent strain (Fig. 30), as well as other
characteristics, indicate the substantial differences in
interface properties summarized in Table V. These
differences arise despite the fact that the fibres are the
same and that the fibre coatings are carbon in both
cases. (Analysis of the coating structure by TEM pro-
vides a rationale for specifying the differing interface
responses in accordance with the basic model (Fig. 9).)
The constituent properties from Table V can, in
turn, be used to simulate the stress—strain curves
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Figure 28 Stress—strain curves and typical hysteresis measurements
obtained on SiC/CAS and SiC/SiC unidirectional composites.
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(Fig. 31). The agreement with measurements affirms
the simulation capability, whenever the constituent
properties have been obtained from completely inde-
pendent tests (Table IT). This has been done for the
SiC/CAS material, but not yet for SiC/SiC. While the
limited comparison between simulation and experi-
ment is encouraging. an unresolved problem concerns
the predictability of the saturation stress, G,. A related
issue concerns the necessity for matrix crack density
information. Again, additional insight is needed to
establish meaningful bounds. Meanwhile, experi-
mental methods that provide crack density informa-
tion in an efficient, straightforward manner require
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development. One possibility involves measurements
of the acoustic velocity, v,, which can be conducted
continuously, during testing [817]. These measurement
relate to changes in the elastic modulus E* as matrix
cracks develop (E* = pov2). This modulus can be
related to the crack spacing, through a model (Equa-
tion 46).

There has been debate about the matrix cracking
stress, G, and its interpretation upon comparison
with experimental measurements. When adequate in-
dependent measurements of constituent properties
have been measured (Fig. 32), it has been found [61]
that the stress at which significant inelastic strain
occurs always exceeds G, given by Equation 39. This
stress may thus be interpreted as the stress at which
matrix cracking is sufficiently extensive to cause de-
tectable inelastic strain. It thus has a similar inter-
pretation to the yield strength (or proof stress) in
metallic systems. It may be used as a basic strength
parameter relevant to the simulation of stress—strain
curves, as well as calculations of stress redistribution.
However, small matrix cracks form at stresses below
Gme [6]. These arise in heterogeneous regions of the
composite, where interactions occur between small
matrix flaws and the stress field. Such flaws are most
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Figure 32 A comparison between measured and predicted values of
the matrix cracking stress for two unidirectional CMCs.



important when atmospheric degradation of the fibres
is possible, because they provide pathways for ingress
of the degrading species. Again, analogies with yield-
ing in metals may be useful. Notably, slip over small
distances (within grains) occurs in metals at stresses
appreciably below the macroscopic yield strength.
Such slip is important in fatigue, etc., but is incidental
to the plastic strain that causes stress redistribution.

6. Matrix cracking in two-dimensional
materials

General loadings of two-dimensional CMCs involve
mixtures of tension and shear. For design purposes, it
is necessary to have models and experiments that
combine these loadings. Matrix cracking and fibre
failure are the basic phenomena that dictate all of the
non-linearities. However, there are important differ-
ences between tension and shear. The behaviour sub-
ject to tensile loading has been widely investigated
[45, 53, 87-92]. The behaviour in shear is only ap-
preciated at an clementary level [25]. Furthermore,
the intermediate behaviour has had even less study
[88, 93]. Nevertheless, the basic concept is clear. It is
required that matrix cracking, as well as fibre failure,
phenomena be incorporated into the models in a con-
sistent manner, such that interpolation approaches
can be devised and implemented, which interrelate the
tensile and shear properties.

6.1. Tensile properties

General comparison between the tensile stress—strain
[o(g)], curves for one- two-dimensional materials
(Fig. 33) provides important perspective. It is found
that o(¢) for two-dimensional materials is quite closely
matched by simply scaling down the one-dimensional
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Figure 33 A comparison of stress—strain curves measured for one-
and two-dimensional CMCs. The dotted lines labelled 1/2 (one-
dimensional) represent the behaviour expected in two-dimensional
materials when the 90 ° plies carry zero load. (———) SiC/CAS, (—)
SiC/SiC (CVI).

curves by 1/2. The behaviour of two-dimensional ma-
terials must, therefore, be dominated by the 0° plies,
because these plies provide a fibre volume fraction in
the loading direction about half that present in one-
dimensional material [4]. (Furthermore, because
some of the two-dimensional materials are woven, the
1/2 scaling infers that the curvatures introduced by
weaving have minimal effect on the stress—strain beha-
viour.)

The most significant two-dimensional effects occur
at the initial deviation from linearity. At this stage,
matrix cracks that form either in matrix-rich regions
or in 90° plies evolve at lower stresses than cracks in
one-dimensional materials. The associated non-lin-
earities are usually slight and do not normally contrib-
ute substantially to the overall non-linear response of
the material. However, these cracks have important
implications for oxidation embrittlement and creep
rupture and require analysis. Matrix cracking in the
90° plies often proceeds by a tunnelling mechanism
(Fig. 34). Tunnel cracking occurs subject to a lower
bound stress o, [94, 957, given by

. = o — c®EL+ Er)/2E; (64)

with
ol = (EIx/tp)'?g(fE¢/Ey) (65)
where

Ey = E (14 Ey/Ey)/2[EL/Er—Vvi] (66)

The function g depends quite strongly on whether the
transverse fibres either remain in contact with matrix
upon loading or separate, as plotted on Fig. 35. As
loading continues up to stresses that exceed o, addi-
tional cracks form in the 90° plies (thickness, t,). These
cracks have a spacing L that decreases as the stress
increases. The consequence is a reduction in the
modulus from E, to E. The relative unloading

modulus, E/E, depends primarily on the crack density,
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Figure 34 The matrix crack growth mechanisms that operate in
two-dimensional CMCs.
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tp/I:, in the 90° plies [95, 96]. The effect when the
fibres are contacting is iltustrated on Fig. 36. The ratio
E/E, is larger when the fibres separate. Note that, at
large crack densities, a limiting value of E designated
E,, is reached, given by

E/Ey = Ei/(EL+ En) (67)
The corresponding permanent strain is
g0 = (I/E —1/Eq)o™(EL + E)/2EL  (68)

Examples of the overall stress-strain response are
summarized in Fig. 37 [95]. These curves were ob-
tained by first establishing the change in crack spac-
ing, L, with stress and then adding the elastic strain
(based on E, Fig. 36) to the permanent strain (Equa-
tion 68) to obtain the total strain. In practice, the
stresses at which these cracks evolve may be larger,
because the formation of cracks, at stresses above o,
depends on the availability of flaws in the 90° plies.
Lateral extension of these tunnel cracks into the
matrix of the 0° plies (Fig. 34) results in behaviour
similar to that found in one-dimensional material.
Moreover, if the stress o acting on the 0° plies is
known, the one-dimensional solutions may be used

1.0 T
[ N\ ]
0 0.8 \%
RN EJE,=3,f=0.4 ]
Iy : ~~~.-_/ :
2 0.61 T -~
E -
© - 4
£ L EJE, = 1,f=0.2 .
s 04| .
2 T 1
5 I ]
£ 0.2f i
ool et v vt vt ]

0.0 0.5 1.0 1.5 2.0 2.5 3.0
Crack density, t,/L

Figure 36 The change in unloading compliance caused by cracks in
the 90° plies.
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Figure 37 Simulated stress/strain response for a two-dimensional
CMC subject to tunnel cracking.

directly to predict the plastic strain. Otherwise, this
stress must be estimated [95]. For a typical 0/90
system, o® must range between & and 26, depending
upon the extent of matrix cracking in the 90° plies and
upon Er/E;. Preliminary analysis has been conducted
using, 6° = 2§, as implied by the comparison between
one- and two-dimensional stress—strain curves
(Fig. 33). Additional modelling on this topic is in pro-
gress.

Using this simplified approach, simulations of
stress—strain curves have been conducted [97,98].
These curves have been compared with experimental
measurements for several two-dimensional CMCs.
The simulations lead to somewhat larger flow
strengths than the experiments, especially at small
inelastic strains. To address this discrepancy, further
modelling is in progress, which attempts to couple the
behaviour of the tunnel cracks with the matrix cracks
in the 0° plies.

6.2. Shear properties

The matrix cracking that occurs in two-dimensional
CMCs, subject to shear loading depends on the load-
ing orientation and the properties of the matrix. Two
dominant loading orientations are of interest: in-plane
shear along one fibre orientation and out-of-plane (or
interlaminar) shear. The key difference between these
loading orientations concerns the potential for inter-
action between the matrix cracks and the fibres
(Fig. 38). For inplane loading, the matrix crack must
interact with the fibres (Fig. 38a). Conversely, for the
out-of-plane case, matrix cracks evolve without signif-
icant fibre interaction (Fig. 38b). Such interactions im-
pede matrix crack development. Consequently, the
in-plane shear strength always exceeds the inter-
laminar shear strength.

6.2.1. In-plane shear

Experiments that probe the in-plane shear properties
have been performed by using Iosipescu test speci-
mens [25]. A summary of experimental results (Fig. 6)
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indicates that the matrix has a major influence on the
shear flow strength, 1, and the shear ductility, y..
Moreover, it has been found that the shear flow
strengths can be ranked using a parameter, #°, de-
rived from the matrix cracking stress in the absence of
interface sliding [57], given by

W = (I/RG)'? (69)

The results from Fig. 6, ranked in this manner, are
plotted on Fig. 39. The property of principal import-
ance within # is the shear modulus, G, which reflects
the increase in compliance caused by the matrix
cracks. However, it remains to develop a model that
gives a complete relationship between the composite
strength and the constituent properties.

The shear ductility also appears to be influenced by
the shear modulus, but in the opposite sense: high
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Figure 39 Normalized in-plane shear stress—strain curves with the
non-dimensional parameter % indicated.

modulus matrices result in low ductility. This behavi-
our has been rationalized in terms of the effect of
matrix modulus on the bending deformation experi-
enced by fibres between matrix cracks [25]. As yet,
there have been no calculations that address this phe-
nomenon.

6.2.2. Interlaminar shear

The matrix cracks that form upon interlaminar shear
loading and provide the plastic strains are material
dependent. The simplest case (Fig. 38b) involves mul-
tiple tunnel cracks that extend across the layer and
orient normal to the maximum tensile stress within
the layer [93]. In other cases, the matrix cracks are
confined primarily to the matrix-only layers between
plies [60]. A general understanding of these different
types of behaviour does not yet exist.

When the interlaminar cracks form by tunnelling,
the solutions have a direct analogy within the trans-
verse cracking results described above [39]. In shear
loading, the tunnel cracks evolve and orient such that
a mode II crack develops, as sketched in Fig. 40. The
evolution of the echelon array of cracks has been
analysed and shown to occur in accordance with the
stress—displacement curve plotted on Fig. 41 [39]

:> Crack propagation direction
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._—__>

Macrocrack Microcracks

Figure 40 A schematic illustration of echelon cracks that evolve
into a mode II failure.
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There is a critical shear stress, 1., at which inter-
laminar shear failure occurs, given by

i, ~ 1.5(GTg/to)'? (70)

where tp is now the thickness of the material layer that
governs cracking. There must also be effects of resid-
ual stress, but these have yet to be included in the
model. The form of the critical shear stress relation
(Equation 70) is the same as that for transverse tunnel
cracking (Equation 64), verifying that these two phe-
nomena are interrelated. The elastic properties dictate
whether T, or o, is the larger: usually T, < o, because
G <L

6.3. Transverse tensile properties

CMCs with two-dimensional fibre architecture are
susceptible to interlaminar cracking in various com-
ponent configurations (Fig. 42). In such cases, as the
crack extends through the component, conditions
range from mode I to mode II. Tests and analyses are
needed that relate to these issues. Most experience has
been gained from PMCs [99]. The major issue is the
manner whereby the interlaminar (transverse) cracks
interact with the fibres. In principle, it is possible to
conduct tests in which the cracks do not interact. In
practice, such interactions always occur in CMCs, as
the crack front meanders and crosses over inclined
fibres [100,101]. These interactions dominate the
measured fracture loads in conventional cantilever
(DCB) specimens, as well as in flexure specimens
[102,103]. Some typical results for the transverse
fracture energy (Fig.43), indicate the large values
(compared with T, ~ 20 Jm~?) induced by these in-
teractions.

2t,

Transverse
crack

Transverse
crack

Crack growth

(d)

Figure 42 Schematic illustration of the various modes of transverse
cracking in CMCs. (a) Cantilever beam, (b) C-specimen, (c)
T-junction, (d) tunnel cracks.
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the predicted resistance curves for h*/hy = (—~-) 1, (——-) 2.

Analysis indicates that large-scale bridging (LSB) is
involved and the bridging behaviour can be explicitly
ascertained from the measured curves [102]. For the
particular case of a DCB specimen (Fig. 42a), the
J integral is explicitly defined in terms of the bending
moment, M, and the traction law [12]. For example,
the steady-state resistance, I, for a linear softening
traction law, is

I, = 12M?/E &

= Oouu/2 + I (71)
and the zone length at steady-state is
L, = (Eu,/30)"*53/* (72)

where 21, is the DCB beam thickness, M, is the ben-
ding moment, with the quantities o, and L, defined
on Fig. 43. Experimental measurements made with
DCB specimens can be used to evaluate the para-
meters, o, and u,, by simply fitting the data to Equa-
tions 71 and 72. This information can then be used to
predict I and T for other configurations.

An example is given for SiC/CAS composites
(Fig. 43). Experimental results for this material [100]
give u, & 100 pm and o, &~ 10 MPa. One application
of these results is the prediction of the tunnel cracking
found in 0/90 laminates (Equation 64). The analysis of
tunnel cracking [95] has established that for typical
laminate thicknesses, the crack opening displacements
are small (< 1 um). For such small displacements,
there is a negligible influence of the fibres. Conse-
quently, Iz ~ I}, (1 — f). Other applications to C-spe-
cimens and T-junction are in progress.

An obvious limitations of the procedure is the un-
certainty about the manner whereby the matrix crack
interacts with the fibres in other geometries and hence,
the universality of o, and u,. This is a topic for further
research.

7. Stress redistribution

7.1. Background

CMCs usually have substantialty lower notch sensitiv-
ity than monolithic brittle materials and, in several



cascs, exhibit notch insensitive behaviour [2, 3]. This
desirable characteristic of CMCs arises because the
material may redistribute stresses around strain con-
centration sites. Notch effects appear to depend on the
class of behaviour. Moreover, a different mechanics is
required for each class, because the stress redistri-
bution mechanisms operate over different physical
scales. Class I behaviour involves stress redistribution
by fibre bridging/pull-out, which occurs along the
crack plane [12, 104, 105]. Large-scale bridging mech-
anics (LSBM) is preferred for such materials. Class IT
behaviour allows stress redistribution by large-scale
matrix cracking [2] and continuum damage mechan-
ics (CDM) is regarded as most appropriate. Class III
behaviour involves material responses similar to those
found in metals, and a comparable mechanics might
be used [26,27]: either LEFM for small-scale yielding
or non-linear fracture mechanics for large-scale yield-
ing. Because a unified mechanics has not yet been
identified, it is necessary to use mechanism maps that
distinguish the various classes (Figs 3 and 4).

7.2. Mechanism transitions

The transition between class I and class II behaviour
involves considerations of both matrix crack growth
and fibre failure. One hypothesis for the transition
may be analysed using LSBM. Such analysis allows
the condition for fibre failure at the end of an un-
bridged crack segment to be solved simultancously
with the energy release rate of the matrix front. The
latter is equated to the matrix fracture energy [77]. By
using this solution to specify that fibre failure occurs
before the matrix crack extends into steady-state, class
I behaviour is presumed to ensue. Conversely, class 11
behaviour is envisaged when steady-state matrix
cracking occurs prior to fibre failure. The resulting
mechanism map involves two indices (Table I1I)
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Figure 44 Effects of relative notch size on the UTS: (——-) hole,
(—-—) notch. Also shown are experimental data for a SiC/C
material (vertical bars).

and

U = Ope/S (74)

With & and % as coordinates, a mechanism map may
be constructed that distinguishes class I and class II
behaviour (Fig. 3). While this map has qualitative fea-
tures consistent with experience, the experiments re-
quired for validation have not been completed. In
practice, the mechanism transition in CMCs probably
involves additional considerations.

The incidence of class III behaviour is found at
relatively small magnitudes of the ratio of shear
strength, 1, to tensile strength S. When t,/S is small,
a shear band develops at the notch front and extends
normal to the notch plane. Furthermore, because 1, is
related to G, the parameter G/S is selected as the
ordinate of a mechanism map. Experimental results
suggest that class III behaviour arises when G/S =50
(Fig. 4).

7.3. Mechanics methodology
7.3.1. Class | materials
The class I mechanism, when dominant, has features
compatible with LSBM [104-106]. These mechanics
may be used to characterize effects of notches, holes
and manufacturing flaws on tensile properties, when-
ever a single matrix crack is prevalent. For cases
wherein the flaw or notch is smaill compared with
specimen dimensions, the tensile strength may be plot-
ted as functions of both flaw indices: &/, and «,
(Fig. 18). For the former, the results are sensitive to the
ratio of the pull-out strength, S, to the UTS [78].
These results should be used whenever the unnotched
tensile properties are compatible with global load
sharing. Conversely, ./, should be used as the notch
index when the unnotched properties appear to be
pull-out dominated.

When the notch and hole have dimensions that are
a significant fraction of the plate width (ag/b > 0), net
section effects must be included [7,8]. Some results
(Fig. 44) illustrate the behaviour for different values of
the notch sensitivity index, 7. Experimental valida-
tion has not been undertaken, although partial results
for one material (SiC/Cg) are compatible with LSBM
[27], as shown for data obtained with centre notches
and holes (Fig. 44). The promising feature is that
LSBM explains the difference between notches and
holes (upon requiring that o7 = 0.4).

7.3.2. Class Il materials

The non-linear stress—strain behaviour governed by
matrix cracking (expressed through E, Equation 56
and &,, Equation 55) provides a basis for a damage
mechanics (CDM) approach that may be used to pre-
dict the effects of notches and holes. Such develop-
ments are in progress. (An important factor that
dictates whether continuum or discrete methods are
used concerns the ratio of the matrix crack spacing to
the radius of curvature of the notch.) In practice,
several class I CMCs have been shown to exhibit
notch insensitive behaviour, at notch sizes up to 5 mm
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[2,3]. The notch insensitivity is manifest in the effect
of the relative notch size, aq/b, on the ratio of the UTS
measured in the presence of notches (designated S*),
to the strength in the absence of notches (designated
S). Results for SiC/CAS are illustrated on Fig. 45. In
this material, the non-linearity provided by the matrix
cracks allows sufficient stress redistribution that the
stress concentration is eliminated. This occurs despite
the low ductility ( < 1%). A CDM procedure capable
of predicting this behaviour will be available in the
near future, using the stress-strain simulation capabil-
ity based on constituent properties, (Figs 25,35
and 36).

7.3.3. Class Il materials

Class IIT behaviour has been found in several carbon
matrix composites [26,27]. In these materials, the
shear bands can be imaged using an X-ray dye penet-
rant method. Based on such images, the extent of the
shear deformation zone, £, is found to be predictable
from measured shear strengths, 1, (Fig. 6), in approx-
imate accordance with (Fig. 46)

lsjag & oftg — 1 (75)
1.0
\oe i
0.8_- 0.2 a,
2 =] .%
¢ " 0.8
“ 0.6 — 25—
s F Notch
2 2 insensitive {y
e . fine (&
% 0.4 4
< C
[¢]
= +
z L
0.2+
X
O'O-Al_lLlJ AR W NV S TN TR NS VNS SRS S P S S
0.0 0.2 0.4 0.6 0.8 1.0

Relative notch size, a, / b

Figure 45 Experimental results (@) for SiC/CAS indicating notch
insensitivity.
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This formula applies when 7£,/aoS2. At smaller
lengths, the relationship is parabolic. Calculations
have indicated that this shear zone diminishes the
stress ahead of the notch (Fig. 47), analogous to the
effect of a plastic zone in metals. For C/C materials, it
has been found that the shear band lengths are small
enough that LEFM is able to characterize the experi-
mental data over a range of notch lengths, such that,
Kic = 16 MPam'/? (Fig. 48). However, conditions
must exist where LEFM is violated. For example,
when /,/a, < 3, the stress concentration is essentially
eliminated (Fig. 47) and the material must then be-
come notch insensitive. Further work is needed to
identify parameters that bound the applicability of

- ﬁ 1
- -1
% ]
- h
51— /IEGW ]
gL lla, = 0.1 %*x j
>, g, = 2.1 "
34: G,y :1
g [
% t\\(_)_-_E_ ) ik
0:3_\\ 4
% t1\\ 1
N -
.= -1
-
-------------------------- 1

0.04
Distance from notch, x / a,

0.08

Figure 47 Effect of shear bands on the stress ahead of a notch.

350 T rvrrrrrrrrrrrerrrrrrrrrr oy
1
r \‘4—— Unnotched 1
300 1\ uTs -
L\ |
250 - -
g 1 |
S 200} i
L
e 1 *
® 150 .
=
& | |
L [ J
1001k, = 16 MPam'? *
A L 1
50 | -
(9 J W VN YO N T Y S T O T N T T T O O A Y
0 1 2 3 4 5 6 7

Notch size, a, (mm)

Figure 48 LEFM representation of notch data for C/C.



LEFM, as well as establish the requirements for notch
insensitivity.

7.4. Measurements

Notch sensitivity data (Figs 44,45 and 48) provide an
explicit measure of stress redistribution. However, fur-
ther understanding requires techniques that probe the
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Figure 49 A schematic illustration of an approximate method for
obtaining the stress by using the strain obtained from elastic calcu-
lations.

stress and strain around notches, as CMCs are loaded
to failure. Many of the methods have been developed
and used for the same purpose on PMCs [107, 108].
These techniques can measure both strain and stress
distributions.

Strain distributions are measured with high spatial
resolution by using Moiré interferometry. In this
method, the fringe spacings relate to the in-plane dis-
placements which, in turn, govern the strains. There
has been only limited use of this technique for CMCs
[109]. Preliminary measurements suggest that the in-
elastic deformations result in strains somewhat larger
than elastic strains. That the reduced stress concentra-
tions are thus approximated by the lower stresses that
arise upon inelastic deformation at fixed strain
(Fig. 49).

Because strain measurements appear to have min-
imal sensitivity to the stress redistribution mechan-
isms operative in CMCs, a technique that measures
the stress distribution is preferred. One such method
involves measurement of thermoelastic emission. This
method relies on the rate of temperature rise, AT, that
occurs when an element of the composite is subject to
a hydrostatic stress rate, Ady, under adiabatic condi-
tions. The fundamental adiabatic relationship for
a homogencous solid is [110]

Aby = (Cypo/aTo)AT (76)

where Cy is the specific heat at constant strain and pg
is the density. One experimental implementation of
this concept is a technique referred to a stress pattern
analysis by thermoelastic emission (SPATE) [110]. It

Figure 50 SPATE images obtained from a SiC/CAS composite after imposing three applied loads (a—c). The light regions along the notch
plane are the zone at the highest stress. Note that this zone is not at the notch tip, but has displaced towards the centre. The load at (c) is 90%

of the UTS.
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involves the use of high sensitivity infrared detectors,
which measure the temperature in a lock-in mode, as
a cyclic stress is applied to the material. This feature
essentially eliminates background problems and has
good signal-to-noise characteristics. SPATE measure-
ments are conventionally performed at small stress
amplitudes, which elicit “elastic” behaviour in the
material. Experimental results [111] for a class II
material (SiC/CAS) have confirmed that the stress
concentration can be eliminated by matrix cracks
(Fig. 50). In addition, results for a class IIT material
(C/C) have provided a direct measure of the stress
redistribution caused by shear bands (Fig. 51).
Another method for strain measurement uses fluor-
escence spectroscopy [112]. This method has particu-
lar applicability to oxides, especially Al,O; (either as
fibre or matrix). The technique has the special advant-
age that strains can be measured in individual fibres,

Figure 51 SPATE images obtained from a C/C composite at two
load levels. In this case, the regions of highest stress are white. Note
that the high stress zone spreads laterally as the load increases from
(a) to (b).
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such that stress changes caused by matrix cracks can
be measured. Such measurements permit the material
to be probed at the spatial resolution needed to under-
stand mechanisms in detail [63].

8. Fatigue

8.1. Basic phenomena

Upon cycling loading, matrix cracking and fibre fail-
ure occur in brittle matrix composites [10, 54,79,
113,1147, in accordance with the same three classes
found for monotonic loading (Fig. 2). The preceding
matrix cracking and fibre failure models still apply,
except that some additional factors need to be intro-
duced [114]. The experimental results needed to es-
tablish the specific fatigue mechanisms that operate in
CMCs are sparse. However, similar mechanisms oper-
ate in metal (MMC) and polymer (PMC) matrix com-
posites. Observations, modelling and measurements
performed on these materials provide insights that
facilitate and hasten an understanding of the cyclic
behaviour of brittle matrix composites.

Among the new features that enter when cyclic
loading is used are degradation mechanisms and, in
some cases, revised crack growth criteria. The macro-
scopic characteristics associated with the degradation
mechanisms are fatigue life (6—N) curves (Fig. 52) and
changes in compliance (Fig. 53). In addition, the hys-
teresis loops change as fatigue proceeds (Fig. 54). Ana-
lyses of compliance and hysteresis changes, as well as
differences in fibre pull-out, indicate that the interface
sliding stress changes upon fatigue. A cyclic sliding
function, t¢(N), thus becomes a new constituent prop-
erty [114]. In some cases at high temperature and
upon thermomechanical fatigue, a particularly low
fatigue threshold stress (compared with the UTS) im-
plies fibre strength degradation. Consequently, a cyc-
lic fibre strength function, S¢(N), may also be needed
to predict fatigue life.

Several possible matrix crack growth criteria are
applicable to fatigue. These relate to the conditions at
the crack front. When the matrix itself is susceptible to
cyclic fatigue, the Paris law relates crack growth in the
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Figure 52 A schematic illustration of typical isothermal fatigue
data for CMCs.
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matrix to the stress intensity range at the crack front,
AKp, by [83]

da/dN = PB(AK,/E)* (77)

where N is the number of cycles, n; is a power law
exponent and B is a material dependent coefficient. In
some cases, n; is sufficiently large that matrix crack
growth is dominated by the peak value of either
Kiip or %5,. Then, the same criterion used for mono-
tonic loading (Equation 24) may be preferred. Finally,
when the dominant mechanism involves stress cor-
rosion, crack growth can be described in terms
%, through the commonly-used power law [115]

da gtip n

— = do|——+ 78

dr do ( gm> (78)
where 4, is a reference velocity, n is the power law

exponent and %, is the matrix toughness, taken to be

I, (1 =1

8.2. Matrix crack growth

When the interfaces are “weak”, fibres can remain
intact in the crack wake and cyclic frictional dissipa-
tion resists fatigue crack growth [83]. The latter has
been extensively demonstrated on titanium matrix
composites reinforced with SiC fibres [116-119]. The
essential features of the “weak” interface behaviour
are as follows: intact, sliding fibres acting in the crack
wake shield the crack tip, such that the stress intensity
range at the crack tip, AKy;,, is less than that expected
for the applied loads, AK. Using this approach,
a simple transformation converts the monotonic crack
growth parameters into cyclic parameters that can be
used to interpret and simulate fatigue growth of each
matrix crack. The key transformation is based on the
relationship between interface sliding during loading
and unloading, which relates the monotonic result to
the cyclic equivalent through [83]

(z)Acy(x/a,Ac) = oy(x/a, Ac/2) (79)

where Ac is the range in the applied stress. Notably,
the amplitude of the change in fibre traction, Aoy,
caused by a change in applied stress, Ao, is twice the
fibre traction, o, which would arise in the monotonic
loading of a previously unopened crack, caused by an
applied stress equal to half the stress change. This
result is fundamental to all subsequent developments
[831.

The stress intensity factor for bridging fibres subject
to cyclic conditions is

a\Y? (% Acy(x, Ac)
which, with the use of Equation 79 becomes
AK,(Ac) = 2K7*(Aoc/2) (81)

where the superscript “max” refers to the maximum
values of the parameters achieved in the loading cycle
and thus, K3** is the bridging contribution that would
arise when the crack is loaded by an applied stress
equal to Ac/2. Furthermore, because AK is linear,
Equation 79 is also valid for the tip stress intensity
factor

AKyy = 2Kip(Ac)2) (82)

When the fibres remain intact, a cyclic steady-state
(AK independent of crack length) is obtained when the
cracks are long, given by the condition A& < 4 [83],
where A& is defined in Table III. The result is (for
cyclic loading, the residual stress, g, does not affect
AKﬁp-)

AK;, = AcR'7VZ(12'2A7)7! (83)
where AJ is defined in Table III
The corresponding crack growth rate is determined

by using a crack growth criterion. When a Paris law
applies, Equations 77 and 83 give [83]

da AcRY2 \ "
aw = P \e7arE, (&4

When the matrix does not fatigue, such that Equation
24 represents the crack growth criterion, fatigue crack
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growth after the first cycle is only possible whenever
T reduces upon cycling, as elaborated below.
When short cracks are of relevance (A& > 4)

AKy, = Ac(ma)'’?

431 ya, U

X [1 Ag (A€ + 6.6)'* + Aé":l (85)
Consequently, at fixed Ac, AK;, increases as the crack
extends, and the Paris law matrix crack growth accel-
erates. However, the bridged matrix fatigue crack al-
ways grows at as lower rate than an unbridged crack
of the same length. Consequently, the composite al-
ways has superior crack growth resistance relative to
the monolith.

To incorporate the effects of fibre breaking into the
fatigue crack growth model, a fibre failure criterion
based on S, has been used [120]. To conduct the
calculation, once the fibres begin to fail, the unbridged
crack length is continuously adjusted to maintain
a stress at the unbridged crack tip equal to the fibre
strength. These conditions lead to the determination
of the crack length, a;, when the first fibres fail, as
a function of the fibre strength and the maximum
applied load (Fig. 55). Note that when either the fibre
strength is high or the applied stress is low, no corres-
ponding value of a; can be identified and the fibres do
not fail.

After the first fibre failure, fibres continue to break
as the crack grows. Continuing fibre failure creates an
unbridged segment larger than the original notch size.
However, only the current unbridged length, 2a,, and
the current total crack length, 2a, are relevant [120]
(Fig. 56).

If the fibres are relatively weak and break close to
the crack tip (ao/a — 1), the bridging zone is always
a small fraction of the crack length. In this case, there
is minimal shielding. If the fibres are moderately
strong, the fibres remain intact at first. But when the
first fibres fail, subsequent failure occurs quite rapidly
as the crack grows. The unbridged crack length then
increases more rapidly than the total crack length and
AK,, also increases as the crack grows. When the
fibres are even stronger, first fibre failure is delayed.
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Figure 55 The length of matrix crack a; at first fibre failure as
a function of fibre strength for a range of stress amplitudes, A&.
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But once such failure occurs, many fibres fail simul-
taneously and the unbridged length increases rapidly.
This causes a sudden increase in the crack growth rate.
Finally, when the fibre strength exceeds a critical
value, they never break and the fatigue crack growth
rate always diminishes as the crack grows. The sensi-
tivity of these types of behaviour to fibre strength is
quite marked (Fig. 56), with the different types of be-
haviour occurring over a narrow range of fibre
strength. Some typical crack growth curves predicted
using this approach are plotted in Fig. 57. This figure
indicates the manner in which the crack extension, Aq,
changes with the number of cycles, N, non-dimen-
sionalized in accordance with Equation 81. Note that
Aa accelerates at the onset of fibre failure.

The results of Fig. 55 can be used to develop a cri-
terion for a “threshold” stress range, Ac,, below which
fibre failure does not occur for any crack length. With-
in such a regime, the crack growth rate approaches the
steady-state value given by Equation 84, with all fibres
in the crack wake remaining intact. The variation in
the “threshold” stress range with fibre strength is plot-
ted on Fig. 58. The ordinate is essentially the peak
stress normalized by the fibre strength, fS., whereas
the abscissa is the notch length, ay, normalized by
terms contained in A& (Table III). Note that, below
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Figure 57 Predicted matrix crack growth curves.
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Figure 58 The threshold stress diagram. Also shown are experi-
mental results for titanium matrix composites: (@) fibre failure, (O)
no fibre failure; (S = 4.0 GPa, t = 15-35 MPa).

the line, composite failure does not occur, regardless of
the number of fatigue cycles. Above the line, com-
posite failure is inevitable.

A notable feature of the predictions pertains to the
role of the stress ratio, %, in composite behaviour.
Prior to fibre failure, the crack growth rate is indepen-
dent of #, (except for its effect on the fatigue proper-
ties of the matrix itself). However, %, has a strong
influence on the transition to fibre failure, as manifest
in its effect on the maximum stress. It thus plays
a dominant role in the fatigue lifetime.

In most cases, CMCs are subject to multiple matrix
cracking, which leads to reductions in the unloading
modulus E, as well as changes in the hysteresis. This
aspect of fatigue is described below for matrices with
large n;.

8.3. Multiple cracking and failure
As cycling proceeds, the hysteresis measurements
show that the interface sliding stress, t;, decreases. As
this occurs, there is a corresponding decrease in both
the matrix cracking stress, o,,. (Equation 34) and the
UTS (Equation 17a). The former effect leads to a per-
manent strain and a diminished modulus. The latter
effect dictates the fatigue threshold stress, S, pro-
vided that fibre strength degradation does not occur.
Both types of behaviour can be readily predicted from
the corresponding monotonic loading models, when-
ever t(N) is known.

Upon using the sliding function proposed for
SiC/SiC composites [114] indicated on Fig. 59a
TN ¢ 1<N<N,

Ty = (86a)

T = Tss N > N, (86b)
the following predictions can be generated. The thre-
shold stress, S,,, when GLS applies, is given by insert-
ing Equation 10 into Equation 17a with t, replaced by
TSS

Sth/Sg = (Tss/TO)l/(m+1) (87)
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Figure 59 (a) Effect of fatigue on the interface sliding stress (sche-
matic representation). (b) Corresponding fatigue (c—N) curve.

This threshold occurs after N, cycles. At intermediate
cycles, N < N, the retained strength, Sg, is derived as

Se/S, = N~Hm+n (88)
These results can be combined to yield a fatigue {(c-N)
curve (Fig. 59b). Upon comparing with measured
fatigue curves, these predictions provide a straightfor-
ward means of determining whether fibre degradation
occurs.

The change in the unloading modulus during fa-
tigue occurs at fixed crack density, as evident from
Equation 54. For example, when the sliding resistance
has been reduced to steady-state, 1, the reduction in
the unloading modulus, AE, is given by

ég — (11— E—I/E*) (To/Tee — 1)
E_i B 1+ (1 — Ei/E*)(TO/Tss —1) (89)

where E; is the initial unloading modulus.

8.4. Thermomechanical fatigue

The basic matrix crack growth model can be extended
to include thermomechanical fatigue (TMF). This can
be achieved by means of another transformation
wherein all of the stress range terms in Equations
79-85, Ao and Ao, are replaced, by the tractions, At

3887



and At,,, respectively. The specific transformations are
[1201.

At = Ac + fE(oy — o )AT
Atb = AGb + fEf(df s Otm)AT

(90a)
(90b)

where AT represents the temperature cycle and Ao the
stress cycle. With these transformations, it is possible
to represent the crack growth using two non-dimen-
sional parameters, A&, and Aé'y (Table III) that spec-
ify the stress cycling and the temperature cycling,
respectively. It is immediately apparent that matrix
crack growth and fibre failure are expected to be quite
different for out-of-phase and in-phase TMF.

For materials in which a, > o, in-phase TMF
causes At to be less than that expected for stress
cycling alone and vice versa. These effects are appar-
ent from trends in the stress intensity range, AKy;,
(Fig. 60), calculated for cases wherein fibre failure does
not occur. A key result is that, whereas AKy;, always
reduces upon initial crack extension either for stress
cycling alone or for in-phase TMF, it can increase for
out-of-phase TMF. Furthermore, for extreme ratios of
A&t to Aéy, AK,;, can exceed that for the monolithic
matrix without fibres. This result implies that the
crack growth rate also exceeds that for the monolith.

When fibre failure effects are introduced, in-phase
and out-of-phase cycling result in behaviour that op-
poses that associated with matrix crack growth.
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Figure 60 Effects of TMF on the tip stress intensity factor, (a) in
phase, (b} out-of-phase.
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Namely, the crack size a;, at which fibre failure com-
mences is smaller for in-phase loading than for out-
of-phase loading (Fig. 61). Consequently, in order to
ensure a threshold, the material is required to operate
under conditions of fibre integrity. Then, in-phase
TMF represents the more severe problem.

8.5. Experimental results

Experimental measurements performed on CMCs and
titanijum MMCs reflect features associated with the
cyclic degradation of the sliding stresses and fibre
strength and also provide a critique of crack growth
criteria. These features are manifest in phenomena
ranging from the growth characteristics of individual
cracks, to changes in modulus to fatigue life curves.
The salient cyclic and static fatigue characteristics are
illustrated using various experimental results .

The growth of individual cracks has been investig-
ated on titanium MMCs, but not on CMCs. The crack
growth trends found in titanium MMCs are in broad
agreement with the predictions of the matrix crack
growth models (Fig. 62), upon using a Paris law ap-
plicable to the matrix (Equation 77). The results indi-
cate that sliding stress, 1, decreases upon cycling,
because of “wear” mechanisms operating within the
fibre coating [117-119, 1217. The reduction in T occurs
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Figure 63 Modulus reduction found upon fatigue in a glass matrix
composite [10].

after a relatively small number of cycles ( < 1000) and
thereafter, remains at an essentially constant value, 1,
consistent with Equation 86. It is also evident for these
materials that the fibre strength if not degraded by
cyclic sliding of the interface, even after > 10° cycles.

Tensile fatigue testing of CMCs has been conducted
under conditions which produce multiple cracking.
There are consequent changes in modulus and hyster-

esis loop width, which relate to the fatigue life. Such
results do not provide a critical test of the matrix crack
growth criterion, but clearly illustrate the influence of
cycling on the interface sliding stress and the fibre
strength. Reductions in unloading modulus, E, are
found at fixed stress amplitude (Fig. 63) [10,122]. In
some cases, there is also a small subsequent increase.
The modulus changes have been analysed, such that
constituent properties during fatigue may be obtained.
For example, measurements made for SiC/CAS (at
frequencies < 10 Hz) have been correlated with the
crack density (Fig. 64), such that comparisons may be
made with predictions, based on Equation 89. This
analysis indicates a substantial reduction in sliding
stress, from 14 & 15 MPa for the pristine composite
[1217 to 1, & 5 MPa. Fatigue life data for SiC/SiC
(CVI) composites provide similar information [114].
Analysis of S,;,, may be made using Equation 87,
subject to the assumption that there is no fibre degra-
dation. The analysis indicates that 1/t &~ 0.38. This
degradation in 7 is similar to that found for SiC/CAS.
and titanium MMCs, described above. A commonal-
ity regarding the changes in interface sliding that oc-
cur upon fatigue thus appears to be emerging. Note
that the fatigue threshold stress, S, is a relatively
large fraction of the UTS (S../S, & 0.7) when fatigue
causes interface degradation, but does not degrade the
fibres. The ratio S,,/S, is larger than that usually
found for metals.

At higher frequencies (350 Hz), frictional heating
also occurs, accompanied by a larger reduction in
1 [123]. The hypothesis is that the frictional heating
causes the carbon fibre coating to be eliminated. Such
behaviour would be consistent with that found upon
isothermal heat treatment [56].

The occurrence of cyclic fatigue failure at peak
stresses substantially lower than the UTS (Fig. 65) has
been found at high temperatures and, especially, for
TMF. Such results suggest that the fibre strength
systematically diminishes for certain cyclic thermo-
mechanical loadings. There are three primary mech-
anisms of fibre weakening: abrasion, oxidation and
stress corrosion. These mechanisms might be distin-
guished in the following manner. The strength

Relative modulus, £/ E

0 5 10 15
Crack density, 1/ d (mm')

Figure 64 (@) Influence of cyclic loading on modulus reduction as
a function of crack density for a unidirectional CAS/SiC composite
indicating that t has been decreased by fatigue. (——) Theory.
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degradation caused by stress corrosion occurs ab-
ruptly, following time accumulated at peak load
[115]. Abrasion occurs systematically with cyclic slid-
ing at the interfaces (Fig. 66) and should be enhanced
by out-of-phase TMF, which accentuates the sliding
displacement. Oxidation is strictly time and temper-
ature dependent. The strong effect of out-of-phase
TMF on the fatigue life at high temperature [2]
suggests that fibre degradation by abrasion is an
important mechanism, perhaps accentuated by oxide
formation at higher temperatures. Much additional
study is required on this topic.

In some CMCs, modulus changes and rupture oc-
cur at constant stress [122]. Substantial matrix crack
growth has been found at stresses below that required
to produce cracks in short duration, monotonic tensile
tests. Furthermore, the crack densities following ex-
tended periods under load ( ~ 10°s) are higher than
those obtained in the short duration tests. The devel-
opment of cracks with time and stress (Fig. 67) has

Matrix {a)

Sliding
degradation 7

b (b)

“ Crack

Figure 66 Mechanism of fibre degradation by fatigue, coupled with
oxidation. (a) load cycling, (b) thermal cycling.
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Figure 67 Experimental measurements and simulations at (——)
low and (- --) high stress of matrix crack evolution in a SiC/CAS
composite caused by stress corrosion at constant stress. Flexure:
(A) 120 MPa, ((J) 130 MPa, (M) 150 MPa, (@) 180 MPa, (A)
200 MPa, (O) 250 MPa.

been considered to involve stress corrosion of the
matrix. The behaviour is consistent with a revised
matrix crack growth criterion (Equation 78) without
any changes in the sliding stress. Fibre weakening may
also be occurring by stress corrosion.

9. Creep

9.1. Basic behaviour

The creep behaviour and relationships with constitu-
ent properties are critically influenced by fibre failure,
matrix cracks and interface debonding. Some of the
basic stress—time characteristics are sketched in Figs
68 and 69. When the fibres and matrix are intact and
the interfaces are bonded, the creep deformations of
the composite and the constituent properties are re-
lated in a straightforward manner [124,125]. When
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Figure 68 Schematic illustration of creep anisotropy in unidirec-
tional CMCs.
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Figure 69 Schematic illustration of effects of intact and creeping
fibres, as well as fibre failure on the longitudinal creep.

one constituent is elastic (fibre or matrix) and the
other creeps, the longitudinal creep strain is transient
and stops when all of the strain is transferred on to the
elastic material (Figs 68 and 69) [124]. The creep law
needed to describe this behaviour is

1 1 3 ,
iy = 555 T gl t EBGZ'ISU +ad,;,T (91

where ¢ is the strain rate, & is the stress rate, d;; is the
Kronecker delta, n is the creep index, s;; is the devi-
atoric stress and the effective stress, o, is defined by

G = (%Sijsij)l/z (92)
and B is the rheology parameter for steady-state creep
B = &/05 (93)

with o, being the reference stress and &, is the refer-
ence strain rate. If the fibres are elastic and the matrix
creeps, the stress in the matrix, o, evolves at constant
applied stress as (n # 1) [124,125]
1—n
} (94)

where o,(0) is the matrix stress at time, t = 0. When
the matrix stress, o, — 0, the stress on the fibres
increases to, o; = ¢/(1 — f), such that the transient
strain, g, is

{1 1) fE;E,Bt 1
GW"{ B, [on0r 1

& = o/E(l—-J) ©5)

Similar results apply when the fibres creep, but the
matrix is elastic.

When both the fibre and the matrix creep, steady-
state develops in the composite following an initial
transient (Fig. 69). The evolution of the matrix stress

occurs according to [124]

[fEiEJ 5. — Bom_B [c - (1f— f) cm} ' 96)

where n,, and n, are the creep indices for the matrix
and fibres, respectively. When a steady-state is reached
(6m = 0), 6, and o are related by

[o%s(Ba/B)] ™ + =g 0 (o7)

f f

and

Ou(l —f)+o0if=0 (98)

These formulae can be solved for specific n,, and n; to
obtain o, and o;. With the stresses known the com-
posite creep rate can be readily obtained.

Transverse creep with well-bonded fibres is usually
matrix dominated. Solutions which have been gener-
ated for bonded rigid fibres thus have utility. All such
solutions indicate that the creep attains steady-state,
with a creep-rate lower than that for the matrix alone
(Fig. 68). Moreover, strengthening solutions derived
for transverse deformation with a power law harden-
ing matrix (Fig. 70) also apply to a power law creeping
matrix, in steady-state {with the strains becoming the
strain rates). The reduction in creep rate depends on
the power law exponent for the matrix and the spatial
arrangement of the fibres. For a composite with
a square arrangement of fibres, and a matrix subject to
diffusional creep (n,, = 1), because there is no creep in
the fibre direction, z [124]

éyy = - éxx = (ny - Gxx)kl (f) (99)
with
ki(f)y = GMALA -1/ +2/)]

In essence, k, gives the reduction in creep-rate upon
incorporating the bonded fibres. For non-linear ma-
trices, the equivalent results have the form

_o-yy)kn(f) (101)

where k, is a function of the fibre volume fraction and
spatial arrangement. For example, when n, = 5 and
a square fibre array is used

(100)

Eyx = — é:yy :Bm(Gxx '_ny)nm_l(cxx

ko = 042[(1—f)/0 - AT (102)
8
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Figure 70 Transverse strength of a unidirectional composite with
a power law hardening matrix.
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9.2. Effect of fibre failures

When stresses are applied along the fibre axis in a sys-
tem with a creeping matrix, the time-dependent stress
elevation on the fibres may cause some fibre failures.
Following fibre failure, sliding would initiate at the
interface, accompanied by further creep in the matrix.
The time constant for this process is much longer than
that for the initial transient, described above, and can
be analysed as a separate creep problem [124]. While
the process in complicated, several factors are impor-
tant. If the stress on the fibres reaches their strength, S,
the composite will fail. Moreover, the relevant S is
probably that with a small 1, associated with creep
sliding of the interface. In this limit, composite failure is
possible at all stresses above the “dry bundle” strength,
S, (Equation 17c). Conversely, the composite cannot
rupture at stress below Sy, unless the fibres are de-
graded by creep. The dry bundie strength thus repres-
ents a “threshold”. At stresses below S, creep must be
transient.

At higher stresses, the fibres fracture and may frag-
ment. Then, steady-state creep is possible (Fig. 68),
proceeding in accordance with a creep law devised for
a material with aligned rigid reinforcements of finite
aspect ratio. This behaviour is represented by the
Mileiko model [126]. The solution for a non-sliding
interface is [124, 127]

& = Bno"™(R/Ly)"™" 'L (1, f) (103)
where L, is the fragment length and
312(2n,, + 1)J”“ (1 — fyo=—1i2
2n,f (nm — 1)
(104)

L, f) = 2"m“3”2[

However, the fragment length decreases as the stress
increases. This occurs in accordance with the scaling
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Figure 71 A sketch indicating the longitudinal creep threshold and
the behaviour above the threshold. The matrix alone has a power
law exponent, n,,. The composite has a higher exponent above the
threshold associated with stress-induced fibre fragmentation.
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(28]

L¢/R ~ (S¢/0)" (105)

Upon inserting Equation 105 into Equation 103, it is
evident that steady-state creep-rate should occur with
a large power law exponent, n,, + m + mny, [124]. Such
behaviour has been reported in composites with dis-
continuous fibres [128]. The overall behaviour is
sketched in Fig. 71. In practice, because of the large
stress exponent at stress above Sy, adequate creep per-
formance can only be ensured at stresses below S,

9.3. Interface debonding

While there are no solutions known to the authors for
transverse creep with debonding interfaces, the analogy
(noted above) between power law deformation and
steady-state creep provides insight. Calculations of
transverse deformation with and without interface
bonding (Fig. 72) indicate a major strength degradation
when debonding occurs [129, 130]. Furthermore, the
composite behaviour approaches that for a body con-
taining cylindrical holes. Creep resuits for porous bo-
dies may thus provide rough estimates of the transverse
creep strength when the interfaces debond.

9.4. Matrix cracking

In some CMCs, the fibres creep more readily than the
matrix. Such materials include SiC/SiC and SiC/
Si3N,. In this case, fibre creep and matrix cracking
appear to proceed in a synergetic manner that acceler-
ates the creep and causes premature creep rupture.
The basic phenomenon is as follows. Creep in the fibre
increases the stress on the matrix, as described above.
Above a threshold, the stress on the matrix then ex-
ceeds o, (Equation 64), causing multiple matrix cracks
to form in the 90° plies. These cracks gradually extend
into the 0° plies, because creep of the fibres relaxes the
bridging tractions. As a result, the stress at these
locations is borne entirely by the fibres, which creep,
without impediment, leading to rupture of the com-
posite (Fig. 73). The creep analogy of the tunnelling
stress, o, (equation 67) represents a threshold stress.
At stresses above 6., matrix cracks eventually extend
across the composite and the composite fails by fibre
rupture. The rupture ductility of polycrystalline
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Figure 72 Comparison of transverse behaviour with and without
interface debonding.
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Figure 73 Creep rupture data for a SiC/C composite which is
susceptible to fibre creep and matrix cracking,

ceramic fibres is typically quite low, because of void
formation along the grain boundaries. Consequently,
matrix cracking often leads to creep rupture with
brittle characteristics.

9.5. Strain recovery

Because creep in composites redistributes stresses be-
tween matrix and fibre, strain recovery must occur
when the loads are removed [131]. This behaviour is
well established for a system with one elastic constitu-
ent and one viscoplastic constituent, in accordance
with standard Kelvin concepts. Notably, the elastic
stretch in one constituent is gradually relaxed when
the load is removed. The specifics depend, of course,
on the nature of the viscoplasticity. A simple example
illustrates the salient phenomena. A composite with
clastic fibres and a creeping matrix, loaded along the
fibre direction, has been crept until the stress in the
matrix is essentially zero (Fig. 74). The load is then
removed. The instantaneous elastic shrinkage, Ae,
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Figure 74 Creep recovery effects in a SiC/Si3N, with “elastic”
fibres and a creeping matrix [131].

must satisfy

Om

En

Ag

Ao
= ?f‘ (106)
The stresses after elastic unloading are thus
JOE,
C(—/)E
oE./E;

Om = (107a)

o = (107b)

Thereafter, holding at temperature causes o, to relax
according to Equation 94, with o,,(0) given by Equa-
tions 107a and b.

9.6. Experimental results

Experimental data for a range of different composites
are used to illustrate some of the features described
above and to anticipate trends. The longitudinal beha-
viour found when the fibres are elastic is addressed
first. Results obtained on TiAl reinforced with sap-
phire fibres (Fig. 75) establish the existence of transient
creep in the longitudinal orientation when the fibres
are elastic and intact, but the matrix is subject to creep
[132]. At higher loads, when some fibres fail, creep can
continue and rupture may occur, as demonstrated by
data obtained on a titanium matrix composite rein-
forced with SiC fibres (Fig. 76). Removal of the load
after creep results in reverse deformation, as demon-
strated for a SiC/Si;N, composite (Fig. 74). Upon
using a creep index applicable to monolithic Si;N,
(n = 2), the stress in the matrix relaxes in the manner

o _ [fEfEth_(l —f)EL}‘1 (108)

E; foE,

Note that B has units (stress) ™ 2.

The inverse situation may also be important in
some CMCs, wherein the fibres creep but the matrix is
elastic [132, 133]. Typical examples include SiC/SiC
and SiC/Si3N, composites, which have SiC fibres with
fine grain size (such as Nicalon). In these materials,
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w
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Figure 75 Transient longitudinal creep in a TiAl matrix composite
reinforced with sapphire fibres [132]. (O) experiments, (——)
model.
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Figure 76 Transient creep and rupture data obtained for a SiC/Ti
composite subject to incremental loading [134].
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Figure 77 Longitudinal creep of a SiC/CAS composite [11].

matrix cracks are created upon loading above a thre-
shold stress, o,. When these cracks exist, fibre creep
results in continuous deformation and creep rupture
{Fig. 73). However, if the stress is below the threshold,
creep will occur in a transient manner [134].

When both the matrix and fibres creep, and there
are no matrix cracks, continued deformation of the
composite proceeds in the longitudinal orientation
[11]. Results obtained on CAS/SiC (Fig. 77) verify
that creep continues. However, interpretation is com-
plicated by microstructural changes occurring in the
fibres, which lead to creep hardening. The deforma-
tion is thus entirely primary in nature. These results
identify microstructural stability as an important fibre
selection criterion.

10. Challenges and opportunities

Reasonable progress has been made in understanding
inelastic strain mechanisms, although the continued
development of models and experimental validation is
necessary. It is now possible to appreciate how stress
redistribution occurs and to characterize the notch
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sensitivity. The analysis of the degradation mechanism
is much less mature.

There are several challenges and opportunities that
arise. With regard to the short duration performance,
it is necessary to develop simple constitutive laws that
can be used with finite element codes in order to
calculate stresses around attachments, holes, etc.
Mechanism-based models of the inelastic strain are
preferred for this purpose. However, there is insuffi-
cient basic understanding about the inelastic strains
that occur upon shear loading and their dependence
on constituent properties. Basic inelastic strain models
with matrix cracks inclined to the fibres are needed to
address this deficiency.

Degradation mechanisms that operate upon cyclic
loading in the presence of matrix cracks require con-
certed study. Interface changes and fibre degradation
are both possible. Moreover, there may be detrimental
synergistic interaction with the environment. The
models developed for MMCs indicate that the reten-
tion of fibre strength upon cyclic loading is parti-
cularly important, because this strength governs the
fatigue threshold. Mechanisms and models that pre-
dict fibre strength degradation are critically impor-
tant.
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